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Synopsis
The development of aluminium alloys that can be processed by Rapid 
Solidification <RS) techniques for use in high temperature applications has 
recently been an area of intense study. One of the alloy systems of 
interest is Al-Cr-Zr-Mn. This work comprises a study of the microstructure 
and tensile properties of alloys of this system processed by melt spinning, 
high pressure gas atomisation (HPGA) and chill casting. The RS 
microstructures of Al-Cr and Al-Zr binary alloys were also compared with 
those of the quaternary alloys.
The variety of microstructures observed in the powders of the quaternary 
alloys was consistent with the different cooling rates and nucleation 
temperatures experienced by droplets of different sizes. A cubic phase not 
previously reported was observed in the finer powder. The transition from a 
partitionless to a cellular microstructure occurred at estimated 
solidification front velocities similar to those predicted by morphological 
stability theory. The distribution of discrete Al13Cr2 intermetallic 
particles within Al-Cr gas atomised powders of different sizes was found to 
be consistent with a probabilistic model of nucleants distributed in the 
volume of the alloy melt. Based on these results the original Al-5.2Ci—  
1.4Zr-i.3Mn (wt%) alloy was diluted to give an Al-3.3Cr-0.7Zr-0.7Mn (wt%> 
alloy so that the bulk of the powder (the sub-45pm size fraction) did not 
contain coarse intermetallic particles but exhibited a mainly cellular 
microstructure. A relationship has been determined between the thickness of 
wedge shaped chill castings and powder diameters for. similar 
microstructures. Prediction of alloy compositions designed to give a 
particular microstructure in a specified powder size can therefore be 
tested by a simple casting technique.
The mechanical properties of the original and optimised quaternary alloy 
powders consolidated by Conform and extrusion have been determined and 
related to the as-consolidated and aged microstructures. The extruded 
powders of both alloys exhibited better properties than the Conformed 
powder. A large contribution to the strength of the extruded materials is 
made by their stabilised fine grain size. The optimised alloy had a 
consistently better ductility. Neither of the alloys retained its strength 
after prolonged treatment at 400°C, but the results suggest that a service 
temperature of 300°C may be possible.
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Figure 7.8 Plot of critical thickness, t*, in chill cast wedge 
against particle diameter, d.-,so, for 'cellular* to 
intermetallic transition.
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The aim of this work was to study the near commercial Al-5Cr-l.5Zr-l.5Mn 
alloy. This alloy was designed to be processed by Rapid Solidification (RS> 
techniques to produce material with high temperature strength and 
stability. Earlier work by Midson (1982) had studied the microstructures 
produced in the alloy by twin piston splat quenching and by atomisation 
onto a spinning drum. This work was to complement the earlier investigation 
by studying the effects of other RS processes on the microstructure, in 
particular the techniques of chill casting in a wedge shaped mould, melt 
spinning and high pressure gas atomisation (HPGA).
Initial work on the alloy suggested that the microstructure of the atomised 
powders was complex and often there existed differences between the 
microstructures of similarly sized particles. A study was therefore 
undertaken of the RS raicrostructures of binary Al-Cr and Al-Zr alloys, 
processed by the above techniques. This work will be discussed first in 
chapter 4, before presenting the results of the quaternary alloy (chapter 
5).
A series of Al-Cr binary alloys were atomised and the distribution of 
intermetallics within the powder particles examined in detail. This enabled 
a probabilistic model of the distribution of intermetallic particles to be 
formulated which explained the observed microstructures. This is presented 
in chapter 7.
The HPGA microstructures of the quaternary alloy powder were not a 
completely supersaturated solid solution, as produced previously by twin 
piston splat quenching, Midson 1982, (and also in this work by melt 
spinning). HPGA is one of the few RS processes with the potential of
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binary Al-Cr alloy atomisations the quaternary alloy composition was 
adjusted to give an alloy better suited to the HPGA process with powder 
exhibiting a microstructure more likely to meet the desired property goals 
after consolidation. The microstructure of the optimised alloy is discussed 
in chapter 5. The mechanical properties of the two (original and optimised) 
quaternary alloys after consolidation by •Conform' and extrusion are 
briefly discussed in chapter 6.
A technique is developed in chapter 7 whereby chill casting is used to 
quickly optimise an alloy composition for processing by gas atomisation.
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2.1 Rapid Solidification
2. 1.1 Introduction
Rapid solidification (RS) as the name suggests involves solidification 
at high rates. Solidification rate (or local solidification rate in 
the case of dendritic growth) is a more fundamental concept than 
cooling rate involving actual interfacial behaviour, local solute 
diffusion and interfacial kinetic processes. To achieve a high growth 
rate the melt must be highly undercooled prior to nucleation, or 
experience a high heat extraction rate or a combination of the two 
(see section 2. 1.3).
RS as a field of study has been generally attributed to Duwez who in 
1960 produced a continuous solid solution in the Ag-Cu system. However 
as early as 1925 Dix had reported on a metastable crystalline phase in 
a chill cast Al-Fe alloy (though he was not aware at the time of the 
significance of his observation) and Hoffman had reported on large 
solid solubility extensions in Al-Mn alloys in 1938. Falkenhagen and 
Hoffman published work in 1952 on nucleation undercoolings and cooling 
rates up to 10s K s-1 achieved by vacuum casting metals and alloys 
into a chill mould. Recent reviews of RS have been published by Jones 
(1982a,b), Adam and Lewis (1985), Boettinger and Perepezko (1985), 
Grant (1985), Jones (1989) and others.
RS is often associated with cooling rates in excess of 103 K s-1 
(compared with the cooling rate of a few K s-1 in commercial sized 
ingots). However it is possible to achieve RS through high 
undercooling prior to nucleation without any external cooling.
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The benefits of RS are (Jones 1982a):
(i) refined grain size,
(ii) no macrosegregation
(iii) reduced microsegregation
(iv) greater microstructural homogeneity
(v) production of metastable phases
(vi) production of extended solid solutions
(vii) formation of amorphous phases
Benefits i-vi (in combination) can lead to improved properties in 
standard commercial alloys if the latter are processed by a RS route. 
However even more dramatic improvements in properties can be achieved 
if alloys are specifically designed to take full advantage of the 
benefits of RS.
2.1.3 Requirements for R. S.
High solidification rates can be achieved in three basic ways (Jones 
1982a):
(i) High undercooling prior to solidification.
In the absence of external heat extraction a volume of melt must be 
undercooled to a temperature where the latent heat released can be 
dissipated within the melt prior to transfer to the surroundings.
The solidification front can therefore advance at a rate which is 
independent of the rate of external heat extraction.
(ii) High velocity of advance during continuous solidification.
A thin specimen can be withdrawn through a steep temperature gradient 
at a velocity which constrains the solidification front to advance
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radially. However if the withdrawal velocity becomes too high there 
will be longitudinal heat flow and the solidification front at the 
core of the sample will lag behind the position at the surface. The 
solidification rate will then be governed by the rate of heat flow 
and no longer by the rate of sample withdrawal. There is a practical 
limit of cross-section of few mm with withdrawal velocity of 
few mm s-1 (Jones 1982a).
(iii) High cooling rate during solidification.
A high cooling rate can lead to a fast advancing solidification front 
directly by a high rate of heat loss to the surroundings or may 
achieve the same result indirectly by first undercooling the melt 
sufficiently to promote RS during recalescence as in (i). This method 
has the advantage that cooling is rapid before, during and following 
solidification thus retaining the RS microstructure.
Achieving a high cooling rate
Consider three geometries, each of which is of interest to this work,
(i) a parallel-faced slab of thickness z losing heat from one face or 
equivalently a parallel-faced slab of thickness 2z losing heat from 
both faces,
(ii) a cylinder of radius z and height 2z losing heat from all its 
surface and solidifying from one end to the other, and
(iii) a sphere of radius z losing heat from all over its surface
Geometry (i) can be used to describe melt spinning and wedge casting 
and geometry (iii) that of droplets in inert gas atomisation. Geometry
■r
for atomised droplets.
In each case heat is lost to the surroundings (assumed to be at a 
constant temperature TA) at a rate governed by the heat transfer 
coefficient, hi. The melt has an initial uniform temperature T x and is 
assumed to solidify on reaching the temperature Tr, For Newtonian 
cooling conditions, the specific heat released during a small decrease 
in temperature bT is equated to the heat removed in a corresponding 
time increment bt
where v, A~ and are volume, surface area and specific heat capacity 
of the melt respectively. The cooling rate, e, is given by,
where A^/v is 1/z for the slab and is 3/z for the cylinder and the 
sphere (Jones 1982a).
To evaluate the average solidification velocity V that is directly 
sustainable by the heat transfer coefficient h*, the latent heat 
released at temperature Tf during an incremental advance bX in 
solidification front position X, is equated to the heat removed in 
corresponding time increment bt i.e.
CL v bT = h± A_ (T-Ta> bt (2. 1. 1)
e = bT/bt = [(T-TA)hi/Cl_], [A^/v] (2. 1. 2)
AHr Aq bX = hi (Tf-TA)bt (2. 1. 3)
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instantaneous area of the solidification front so that
V = bX/bt = [(Tf-TA)h±/AHr]. [A^/Aq] (2.1.4)
where hx /A,-, is unity for the slab, 6 for the cylinder and z®/(z-X)® 
for the sphere.
The shape of the solidification front in an atomised droplet during 
rapid growth has been modelled by Levi and Mehrabian (1982). The front 
is generally a concave hemisphere and thus rather more complex than 
that assumed in model (iii).
Both cooling rate e and front velocity V are proportional to the heat 
transfer coefficient, h±, and the cooling rate, e, is inversely 
proportional to the thickness or radius z. To achieve a high cooling 
rate it is therefore necessary to reduce at least one dimension of the 
sample.
The above relations apply only for Newtonian cooling conditions i.e., 
for Nusselt numbers Nu (= hiZ/K^) ( 0.015 (Ruhl 1966), where KL is the 
thermal conductivity of the liquid alloy. These equations are 
therefore approximately valid for melt spun aluminium (where h4 
-10s W m~® K"1 (Midson and Jones 1981), z -50*10~e m and Nu - 0,02) 
and helium gas atomised aluminium (where for z = 50xl0-e m, h ± =
2. 4x10^ W sr* K-1 Nu = 0,01 and for- 2 = 5*10”Q m, h, =
5x10s W nr2 K“\ Nu = 0.002).
However for casting in a wedge shaped chill mould (where h*
~4*10® W nr*® K-1 Biloni 1983) the assumption of Newtonian cooling is
of the actual cooling rate from calculated cooling rate (assuming 
Newtonian conditions) is not expected to be large for the wedge 
thicknesses of interest in this work, (up to 3mm). This is discussed 
further in section 4.2.3.
2. 1. 4 Methods of achieving RS
Many methods of achieving RS have been reported in the literature and 
these have been classified in different ways.
The classification to be followed here is based in the achievement of;
a) high heat extraction, (i. e. chill methods, weld methods and vapour 
deposition) and
b) high undercooling prior to solidification, (i.e. bulk methods of 
glass immersion and levitation, droplet isolation, droplet dispersion, 
drop tower).
Atomisation involves high undercoolings with quite large heat 
extraction rates and will be treated separately in section 2.1.5 
below.
Chill methods.
In chill methods a thin section of liquid metal is cooled by a larger 
chill block(s). This has been achieved by twin-roll quenching 
(Maringer 1980), melt-extraction (Maringer and Mobley 1978), twin 
piston quenching (Esslinger 1966b), melt-spinning (Pond 1958) and 
chill casting (Falkenhagen and Hofmann 1952). As the last two methods 
were employed in this investigation they will be discussed in some 
detail. Extensive reviews of the other methods have been written by 
Savage and Froes (1984), Grant (1985), Jones (1982a, b) and others.
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Several methods have been developed to cast liquid metal into copper 
chill-mould cavities of small cross sections. Melt penetration can be 
difficult due to freezing of the melt at the mould entrance but 
specimen thicknesses can be accurately predetermined. A combination of 
evacuated mould and a pressurized melt have been used to make parallel 
sided circular cross section specimens suitable for direct tensile 
testing (Hinesley and Morris 1970), and several workers have employed 
a tapering ('wedge') mould to obtain controlled changes of cooling 
rate by section variation, e.g. Burden and Jones <1970), Ichikawa et 
al (1971a, b), Juarez-Islas et al <1989). Measured cooling rates as 
high as 10s K s-1 at 0. 2mm thickness have been achieved by Armstrong 
and Jones (1979) in this way. Such methods are useful in laboratory 
scale for preliminary work on a wide variety of alloys (Savage and 
Froes 1984).
Melt-spinning:
In chill block melt spinning (CBMS) a cylindrical jet of liquid metal 
is ejected through an orifice to impinge on a rotating cold substrate. 
The most widely used arrangement allows the melt to impinge on the 
periphery of a rotating disc substrate (Leibermann 1978), although 
other arrangements have been used where the melt stream impinges on 
the inside surface of a concave or cylindrical substrate, Boswell and 
Chadwick (1976). Filaments up to 3mm wide and as thin as 10pm have 
been produced. Production of good quality, uniform ribbon requires 
close control of the liquid metal to produce a stable jet of melt.
Melt spinning has been widely used in laboratory scale to produce 
small quantities of material for research purposes and has also been 
extended for production on a commercial scale. Since the maximum width 
of' ribbon that can be made with a single jet is about 3mm, alternative
to produce wider material. Cooling rates experienced in melt spinning 
are typically between 10s-107 K s_1, according to operating 
conditions. Decreasing the metal flow rate and increasing the 
substrate velocity can increase the cooling rate by reducing the 
product thickness.
Weld methods:
Surface melting relies upon an intense source of directed energy 
(laser, plasma or electron beam) to melt the surface of a material to 
a depth which may be varied (typically between lO-lOOOpm). The melted 
layer solidifies rapidly immediately the heat source moves on. Since 
the liquid layer is in perfect thermal contact with the bulk which 
acts as a heat sink very high cooling rates may be realised. Complete 
surface melting can be achieyed by traversing the metal sample under 
the beam (Breinan and Kear 1978). These techniques are particularly 
useful in investigating the effects of solidification front velocities 
due to the ability, to traverse the beam and thus the melt pool at a 
controlled known velocity (Schaeffer et al 1982).
Vacuum Deposition:
Although not strictly a rapid solidification technique vacuum 
deposition can be produce similar results, Cantor and Cahn (1976a). 
Metals are evaporated simultaneously onto a cold or warm substrate 
(Bickerdike et al 1986). Large extensions of solid solubility, 
production of metastable crystalline and amorphous phases and fine 
grain sizes have been observed.
Bulk methods:
Substantial undercoolings can be attained in bulk metallic samples of
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Bleckmann, who enclosed melts of iron and nickel in a glassy slog to 
avoid contact with any crystalline foreign material, e.g. container 
walls, etc. Undercoolings as high as 285°C were achieved by Walker 
(1964) in nickel samples of up to 500g processed in fused silica 
crucibles. The dendrite tip velocity exceeded 40 ms-1 when nucleation 
occurred at this high undercooling (Colligan and Bayles 1962), Other 
workers have also achieved large undercoolings in bulk samples, 
usually through careful fluxing of the melt. Some results are given in 
table 2. 1,1.
Table 2. 1. 1 Undercoolings in bulk samples
Melt Mass (g) Undercooling (K) Reference
Ni 500 285 Walker (1964)
Fe-Ni 100 300 Kattamis and Flemings (1966)
Ni-Cu 100 220 Tarshis et al (1971)
Cu 100 78 Jones and Weston (1970)
Ni-Ag 100 250 Kattamis and Skolianos (1985)
However, at t empt s to flux the more reactive aluminium melts achieved
only small undercoolings (~10K, Marcantonio and Mondolfo 1974).
Fairly large droplets (~10g) can be levitation melted and large 
undercoolings have been achieved by this technique, e.g. Gomersall et 
al (1965), 400K undercooling in Ni, Willnecker et al (1988), 300K 
undercooling in Ni-Cu. Nucleants present on the droplet surface can be 
reduced by control of the levitation atmosphere. The processing is 
containerless. However, the levitation technique is only suitable for 
alloys of high melting point and is limited by the size of droplets 
that can be levitated on earth.
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When a liquid metal specimen is dispersed into a large number of small 
droplets, the most active impurities responsible for catalysing 
nucleation are isolated within a small fraction of these droplets, and 
the droplets which are free of the most active nucleants can then be 
highly undercooled. This concept led Turnbull and co-workers to make a 
series of experiments on the nucleation behaviour of small metal 
droplets, Turnbull (1950), Turnbull and Cech (1950) and Holloman and 
Turnbull (1951). In one of the techniques which they employed, small 
droplets with diameters varying from 10 to 100pm were placed on quartz 
or freshly blown borosilicate glass in a chamber with an inert 
atmosphere. The maximum undercoolings obtained were equivalent to 
about 0, 18Tm where T„ is the absolute melting temperature of the 
metal.
Droplet dispersion:
Another effective way of achieving a large undercooling is the 
technique of forming a dispersion of fine droplets in a suitable inert 
medium. This technique, which is known as the droplet emulsion 
technique, was pioneered by Turnbull (1952) who used it to prepare 
emulsions of mercury droplets.
Rasmussen and Loper (1975) used the emulsion technique to generate 
stable droplets of tin. Uniform droplets down to 5-10pm diameter were 
produced by shearing the liquid metal in an organic oil containing 
oxidising agents. This produced a stable coating which prevented 
droplet coalescence. The solidification of the droplets was 
investigated by DSC, allowing both isothermal and constant cooling 
experiments. The evolution of latent heat when the droplets solidified 
produced an exothermic spike on the DTA trace.
- 27 -
Rasmussen 1978), bismuth, gallium, cadmium, indium and lead (Perepezko 
et al 1979) achieved larger undercoolings than had been recorded 
previously, see table 2.1.2. By exchanging the organic oil for a 
mixture of chloride salts it proved possible to extend the temperature 
range of the emulsion technique to allow the processing of aluminium 
(eg. Perepezko and LeBeau 1982, Perepezko 1984). The process was also 
used to produce droplets of many alloy systems enabling correlation of 
the nucleation temperature with the alloy concentration, e.g. Richmond 
et al (1983).
Table 2. 1.2 Maximum undercooling measured in various metals
Element
AT (K)
Previous work 
AT/T„ Reference
Perepezko and coworkers 
AT (K) AT/Tm
Al 130 0. 14 1 175 0. 19
Sb 135 0. 15 1 210 0. 23
Bi 90 0. 16 1 227 0. 41
Cd - - - n o 0. 19
Ga 150 0. 50 2 174 0. 58
In - - - 110 0. 26
Pb 80 0. 13 1 153 0. 26 .
Hg 80 0. 34 3 88 0. 38
Te - - - 236 0. 32
Sn 117 0. 23 4 191 0. 38
after Perepezko et al (1986), AT = T~TM.
References for table 2.1.2, (1) Turnbull (1950), (2) Bosio et al
(1966), (3) Turnbull (1952), (4) Pound and La Mer (1952).
Drop towers
Drop towers have been widely utilized for undercooling experiments on 
metals. Small droplets can be processed in short drop tubes and 
analysed in a statistical manner, Drehman and Turnbull (1981).
Provided long free fall distances are available, larger samples can be 
processed and analysed individually, Lacy et al (1981). Substantial 
undercoolings have been reported particularly for refactory metals, 
Hofmeister et al (1986). Problems associated with the drop tower
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rapid movement of the droplet, vacuum cleanliness and short experiment 
times limited by the free fall height.
2. 1. 5 Atomisation
Atomisation is one of the few RS techniques which can produce bulk 
quantities of material. A liquid stream or film of the alloy is broken 
into small droplets which subsequently solidify as powder particles 
with the same composition as the melt prior to atomisation.
Atomisation techniques such as the rotating electrode process (REP), 
vacuum (soluble gas) atomisation, water atomisation, spray deposition 
and gas atomisation have been used commercially.
In REP a rapidly rotating ingot of an alloy is melted at one end and 
the molten metal is thrown off as a fine spray of droplets under the 
action of centrifugal forces (Savage and Froes 1984). Other 
centrifugal atomisation processes are the rapid solidification rate 
(RSR) process where molten metal is poured onto the centre of a 
rapidly spinning horizontal disc and flung off as droplets (Holliday 
and Patterson 1982) and the rapidly spinning cup (RSC) process where a 
stream of liquid metal is extruded into a liquid quenchant layer 
inside a rotating cup (Raman et al 1982).
In vacuum atomisation liquid metal is saturated with gas and then 
rapidly desaturated in vacuum. Fine powder is produced as the melt 
explodes into the vacuum chamber. The gas is usually hydrogen and the 
melt is pressurised to l-3MPa (Adam and Lewis 1985).
In spray deposition processes gas atomised melt droplets are sprayed 
directly on to a cooled metal substrate to build up a dense deposit
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process where controlled spray deposition and manipulation of the 
substrate are used to produce a wide variety shapes ready for 
subsequent hot working.
Conventional gas-atomisation of liquid metals is a relatively mature 
technology, having been used since the 1930‘s to produce a wide 
variety of metallic powders for diverse applications. In gas 
atomisation processes alloy melts are finely divided into roughly 
spherical particles with a size distribution from 1 to 200pm depending 
on the particular process.
In general, gas atomisation processes rely on high energy gas streams 
to fragment a coaxially impinging liquid metal stream. Liquid 
filaments and ligaments are produced from liquid sheets by two- 
dimensional, capillarity driven, breakdown of the liquid volume. The 
liquid cylinders produced undergo rapid Rayleigh surface instability 
driven spheroidisation (Rayleigh 1879). A lower bound solution to the 
spheroidisation time, t, may be calculated from
t = (pMm3/2TUYM)1/2 (2.1.5)
where pM and are the liquid density and interfacial energy of the 
melt, respectively, and o is the wavelength of the instability. Table
2.1.3 lists the calculated spheroidisation times for instabilities of 
various wavelengths in liquid aluminium.
If the solidification time is less than the spheroidisation time 
spherical powder will not be produced. This however would require 
extremely high extraction rates and is unlikely to occur in practice.
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surface of a ligament very rapidly and reduce the surface tension of 
the molten droplets thus extending the spheroidisation time to longer 
than the solidification time. However a study of the effect of oxide 
formation on the surface tension of pure aluminium (Garcia-Cordovilla 
et al 1986) suggests that although the spheroidisation time is 
expected to increase the effect will be small. In air and water 
atomisation, in which all but the finest powder is irregular, it is 
thus likely that the oxide forms a physical barrier, preventing 
spheroidisation. This oxide can also cause problems with consolidation 
(see section 2. 5).
Table 2.1.3 Spheroidisation times for various instability wavelengths.
Instability Wavelength (pm) Spheroidisation time (ps)
1 0. 02
10 0. 72
50 8. 2
100 23
200 65
(after Adam and Lewis 1985)
From the empirical relationships relating processing conditions with 
particle size of the atomised powder the Lubanska (1970) equation
d « d  » 50 d„ [ ( W (no*»w.>)(l + <jM/ja>)]1/a (2.1.6)
is widely used. Here NWe? is the Weber number, given by
— Pm 7)
(Symbols are given in Appendix II).
Generally fine powder undercools more than coarser powder and is also 
cooled more rapidly. From equation 2.1.6 finer powder is predicted for
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diameter. Fine powder is therefore normally produced by processing 
under these conditions, e.g. by ultrasonic gas atomisation (USGA) or 
high pressure gas atomisation (HPGA) methods.
USGA was developed in Sweden by Kohlswa AB for the atomisation of low 
melting point alloys (Nilsson et al 1961, Tove 1962). The atomising 
die contains Hartman shock wave tubes that generate shock waves with 
ultrasonic frequencies and supersonic gas velocities. These effects 
are claimed to disintegrate the melt stream more efficiently than a 
continuous gas flow. USGA was further developed at MIT where the 
process was used to produce fine rapidly solidified powders of a large 
number of alloy systems, Domalavage et al (1983a,b), Ria et al (1985). 
However, comparative experiments with the USGA die and a die with 
conventional gas ducts have shown that finer powder can be produced 
with the conventional die, Ro and Sunwoo (1983). This alternative 
atomisation process has been called HPGA.
Heat flow in HPGA (and USGA) is discussed in section 4.5.6. The 
cooling rate varies considerably with particle size from ~103K s_1 for 
a 100pm diameter droplet to >10SK s-1 for the finest particles 
(typically 0. 1pm diameter) and is also dependent on the atomising gas. 
The above values are for helium gas atomisation, the inert gas with 
the highest thermal conductivity. The mass median powder size of 
aluminium can be very fine (implying the achievement of high average 
cooling rates) if high gas pressures are employed. Backmark et al
(1986) have reported a median diameter of 9pm for Al-Mn-Cr powder 
atomised by USGA.
droplet, e.g. Levi and Mehrabian (1982a), Clyne et al (1984), and this 
is discussed in section 4.5.6. However these models are useful only 
for a qualitative discussion of the phenomena due to lack of 
experimental data on:
(i) the relative velocity between atomising gas and droplet (this can 
affect the estimation of the heat transfer coefficient),
(ii) the temperature of the gas surrounding the high density of 
droplets in the atomisation cone and
(iii) the nucleation temperature of the droplet.
The latter is important as a large undercooling prior to nucleation 
can allow very rapid growth and lead to the development of RS 
structures (as discussed in section 2. 4).
A USGA/HPGA unit was commissioned at the University of Surrey in 1984. 
The special modifications and the operating procedure of this atomiser 
are described in section 3.2.3.
2.1.6 Estimation and measurement of cooling rate 
Estimates of cooling rate.
Ruhl (1966) performed the first modelling in the RS regime of cooling 
rates. The rate of heat extraction was computed by finite-difference 
analysis for three types of cooling:
(i) Ideal (interface resistance negligible).
(ii) Newtonian (cooling completely interface-controlled, no 
temperature gradients in the splat and substrate).
(iii) Intermediate (between (i) and (ii) above).
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be the dimensionless Nusselt number, hiZ/K^. For a Nusselt number >30 
the cooling is essentially ideal and for a number <0.015 it is 
Newtonian.
Shingu and Ozaki (1975) examined by one-dimensional finite-difference 
analysis the effect of substantial undercoolings prior to 
solidification on the interfacial growth velocity in splat-quenched 
materials, again for different Nusselt numbers. Their model predicts 
increased growth rates and undercoolings with decreasing splat 
thickness. At the limit nucleation will not occur and an amorphous 
alloy will be produced.
Other workers have extended conventional solidification heat flow 
analyses to encompass RS conditions, e.g. Gill et al (1981), Anthony 
and Cline (1979), Miyazawa and Szekely (1979). However, although a RS 
system is normally under heat flow control, process analysis is 
complicated by the degree to which kinetic factors can be responsible 
for departure from thermodynamic equilibrium.
For example, in many cases the nucleation and growth characteristics 
are such that the temperature at the solidification front is variable 
and may differ markedly from the value dictated by the phase diagram. 
From the modelling viewpoint the removal of a boundary condition 
specifying Tf at the growth front introduces an extra degree of 
freedom. In order to handle this, a relationship is needed between 
growth velocity and interfacial undercooling. Levi and Mehrabian 
(1982) first employed such expressions in modelling the solidification 
of atomised droplets and Clyne (1984) used them to model substrate 
quenching. In both cases the conclusions highlighted that in order to
- 34 -
undercooled to the hypercooled state (probably only possible in highly 
subdivided droplets) or a lower nucleation undercooling should be 
assumed and the subsequent recalescence could be arrested by rapid 
heat extraction.
For most droplets their solidification history consists of two parts. 
The first allows very rapid growth during recalescence as the latent 
heat released at the advancing interface is removed by the undercooled 
liquid, with heat loss to the surroundings playing a minor role in the 
overall thermal balance. The second stage is one of pseudo-isothermal 
growth controlled by external heat transfer to the environment. The 
relative amounts of material solidified under the two regimes are 
dependent on droplet size and droplet undercooling (Gill et al 1981).
Measurement of cooling rate.
It is experimentally difficult to record temperature variations in the 
short timescale of RS and few cooling rate measurements have been 
reported (Jones 1973, Cantor 1982). A number of cooling curves have 
been obtained from twin piston quenched liquid metal droplets by 
embedding a temperature sensor in the surface of one of the pistons, 
Strachan (1967), Duflos and Cantor (1982), Nishi et al (1982), Harbur 
et al (1969). The temperature sensor has been a photo-electric cell 
(Strachan 1967), a thin junction conventional thermocouple (Duflos and 
Cantor 1982, Nishi et al 1982), and an intrinsic thermocouple in which 
the junction is completed by the liquid metal (Harbur et al 1969). The 
complete cooling curves have apparently been recorded with the cooling 
of the metal separated into three distinct regions. The liquid metal 
spreading between the piston and anvil was cooled at 10s and 10& Ks"1 
this was followed by an isothermal delay as the metal solidified and
of the cooling process was found to increase with increasing piston 
velocity. An embedded intrinsic thermocouple has also been used with 
gun quenched liquid metal droplets (Predecki et al (1965a,b)).
An alternative, photographic, technique has been used to determine 
cooling curves from the surface temperature of melt spun ribbons. By 
careful control of the exposure and development conditions of the film 
a correlation between film density and surface temperature could be 
established. The limited amount of data concerning the emissivity of 
the melt limits the application of this technique. Black and white 
(Warrington et al 1981, Tenwick and Davies 1985) and colour (Hayzelden 
et al 1983, Gillen and Cantor 1985, Bewley and Cantor 1986) film has 
been used. Measured cooling rates show good agreement with a linear 
variation in wheel velocity, virtually independent of ribbon material 
or other melt spinning variables. Cantor (1983) gives this 
relationship as
ei = (2. 1. 8)
where s., is the cooling rate in the vicinity of the solidification 
point, ww is the wheel velocity and is a constant (~1.2x10* K nr1). 
The reason for such a straight-forward dependence is not clear.
In those methods where high undercoolings were achieved prior to 
solidification measurement of the nucleation undercooling has been 
achieved as follows:
(i) Droplet emulsions - DTA analysis.
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using two colour pyrometry (Willnecker 1988). Solidification front 
velocities have also been measured.
(iii) Drop tube - Direct temperature measurement not possible, 
temperature of nucleation is derived from the time of free fall to 
recalescence, which is then converted into temperature information 
via a heat balance calculation. The uncertainty is ±50K (Hofmeister
et al 1986).
(iv) Atomisation - It is not possible to measure the undercooling 
achieved by each droplet. Liu (J) et al (1988) have estimated the 
cooling rate experienced by droplets of a particular diameter by 
placing substrates at different heights in the atomising chamber and 
selecting the largest droplet that had completely solidified. The 
cooling rate was calculated from the estimated heat transfer 
coefficient and the estimated gas-droplet temperature differential. 
The cooling rate experienced by a droplet has also been estimated 
from dendrite arm spacing measurements, see below and section 5. 5. 7.
As the cooling rate is difficult to measure directly during rapid 
solidification it is often estimated indirectly. It has been 
recognised for a long time that an increase in cooling rate reduces 
grain and dendrite dimensions (Alexander and Rhines 1950). An 
empirical relationship between dendrite arm spacing (DAS), X, and the 
cooling rate, e, of the form
X = ms-" 2. 1. 9
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low cooling rates. By assuming that equation 2.1.9 remains valid when 
extrapolated to high cooling rates, dendrite or cell spacing in a 
segregated rapidly solidified microstructure can be used to estimated 
cooling rate (Matyja et al 1968, Armstrong and Jones 1979, Mehrabian 
1978), see figure 2.1.1. For aluminium alloys (Al-4 to 5wt%Cu and Al-7 
to llwt%Si) the constants m and n have been found to be 50 and 1/3 
respectively, (X in pm and s in K s-1). The dependence of eutectic 
spacing on solidification rate has also been established, Burden and 
Jones (1970), Livingston et al (1970).
It should be noted that there is no theoretical justification for the 
DAS relationship as given in equation 2. 1.9. Recent theoretical models 
of primary dendrite arm spacing (Kurz and Fisher 1984) give the 
relationship
X = p^V-0- asL“°- s 2.1.10
where L and V are temperature gradient and solidification front 
velocity respectively and (3, is a constant. Although e = V. L there is 
no direct relationship between X and s from this equation. Both L and 
V are very difficult to measure directly. Another criticism of the use 
of equation 2. 1.9 is that the dendrite arm spacing may coarsen after 
solidification due to heat treatment in the mould etc.
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properties
2.2.1 Introduction
The aluminium alloys currently being used in the aerospace industry 
for elevated temperature performance are based on the Al-Cu-Mn (2219) 
or Al-Cu-Mg-Fe-Ni (2618) systems. These alloys form intermetallic 
particles that are stable at elevated temperatures. The strength of 
these alloys is mainly derived from coherent or semi-coherent Al-Cu 
phases that coarsen rapidly at temperatures in excess of 180°C (Miller 
and Palmer 1985).
The specific strength of the high strength aluminium alloys is 
generally marginally superior to the titanium alloys at low 
temperatures but above 100°C titanium is significantly better. There 
would be many potential applications for aluminium alloys with 
improved specific strength and stiffness in the 200-400°C range.
The aluminium alloy of interest to this thesis has been developed by 
RS for increased elevated temperature strength and stability. In 
section 2.2.2 the various strengthening mechanisms in RS aluminium 
alloys are reviewed and in sections 2.2.3-2.2.5 the development of 
elevated temperature aluminium alloys is discussed.
2. 2. 2 Strengthening mechanisms
At low and intermediate temperatures (up to 0. 5Tm, 194°C for Al) 
deformation occurs primarily by the glide of dislocations. 
Strengthening mechanisms are therefore required to block or inhibit 
dislocation motion. These include
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(ii) alloying element additions in solid solution, and
(iii) precipitate and dispersoid particles.
All may operate independently but often they are used collectively.
The strengthening increment of such a combination may be less than the 
sum of the individual strengthening increments (Starke and Wert 1986).
(i) Grain and Subgrain boundary strengthening.
Grains and subgrains both inhibit dislocation glide. Hall (1951) and 
Petch (1953) were the first to quantitatively treat the effect of 
grain size on strength
cry = cr0 + m g - " (2.2. 1)
Here a0 and m are constants, n = 0. 5, g is the grain size and <rv is 
the yield stress.
A similar relationship has been determined for subgrains and cells, 
although there is some disagreement about the value of m and n.
Thompson (1977) found m to be smaller than for grain boundaries and 
n = 1, while Marshall and Sheppard (1986) reported a larger m and 
n = 0. 5 (as in the grain boundary relationship).
The basis of the Hall-Petch relationship is the pile up of 
dislocations at grain boundaries due to the build up of a stress 
concentration prior to slip from one grain to the undeformed 
neighbouring grain. This mechanism has been the subject of much 
debate, Gleiter (1983), although the relationship has be found to hold 
for a wide variety of materials. Equation 2. 2. 1 predicts infinite
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Strudel (1986) have concluded that the Hall-Petch relationship applies
down to grain sizes of ~lpm and may be valid at grain sizes as low as
~0. 1pm.
For pure Al the constants in equation 2.2. 1 are cr0 = 14.6 MPa and 
m = 2.1 MPa mm°-E (Yamane et al 1986). The increase in strength is 
therefore significant for grain sizes <10pm and thus the refinement of 
grain structure that may be obtained by RS should lead to improved 
strength levels. A fine grain size would be stable at high 
temperatures if dispersiods were present. The grain size, g, that can 
be stabilised is given by the Zener relationship,
S=p3 rppi./vf¥. (2.2.2)
where rppii. is the radius of the dispersed particle, vrr is the volume
fraction of particles and p3 is a constant, ~1 (Decker 1973), or ~4/3 
(Murty and Koczak 1989). Pontikakos and Jones (1982) have observed 
good agreement with such a relationship in rapidly solidified Al-Fe 
and Al-Ni alloys.
(ii) Solid solution strengthening.
Theories can be separated into two classes with mechanisms involving:
(a) dislocation locking (dislocations at rest), and
(b) interactions between solute atoms and moving dislocations.
The latter are most important for aluminium alloys.
Mott and Nabarro (1948) related solid solution strengthening to the 
interaction of a moving dislocation with the local stress field 
created by isolated solute atoms having an atomic size different from
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spots in the matrix (Fleischer 1963). Effective solid solution 
strengthening thus requires a high solid solubility of an element 
having a different modulus and a significant size difference from the 
solvent.
Fontaine (1976) related hardness to atomic solute concentration by the 
expression
H = Hx + p. (\j/ c)A/'3 (2. 2. 3)
where p is the shear modulus of the solvent, ( is the fractional 
differences in atomic radius of solute compared with the solvent, c is 
the atomic concentration of the solute and is a constant. The 
constant was found to be 79 for Cu, Cr, and Mn solid solutions in 
Al whereas solid solutions of Fe, Co and Ni in Al where found to have 
values 2 to 3 times higher (Fontaine 1976). This was attributed to 
solute clustering in the solid solution. Sahin and Jones (1978) found 
that the value = 79 fitted their data for Zr solid solutions in Al.
It should be noted however that equation 2.2.3 implies that the 
hardness should increase as a function of solute concentration to the 
power 4/3. A number of workers have observed a linear relationship 
(e. g Jones 1982b in the Al-Mn system).
(iii) Precipitation and Dispersion Strengthening.
Precipitation strengthening requires a fine distribution of second 
phase particles which may be produced by ageing of a supersaturated 
solid solution of a two or multi-component system. The decomposition 
pattern is usually,
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Particle density depends on the nucleation probability which in turn 
depends on:
(i) the crystal structure of the phases concerned,
(ii) the degree of supersaturation,
(iii) the ageing temperature,
and depending on the degree of coherency of the precipitate,
(iv) the availability of heterogeneous nucleation sites e.g. 
dislocations, subgrain and grain boundaries.
Three types of interface are possible; coherent, semi-coherent and 
incoherent.
Coherent and semi-coherent particles are normally sheared by moving 
dislocations, whereas incoherent particles are normally looped or by­
passed by moving dislocations. See figure 2.2.2,
Noble et al (1982) in a study of the yield characteristics of Al-Li 
alloys showed that the main contribution to strength in alloys aged to 
a point just before peak hardness was due to order hardening. Brown 
and Ham (1971) have shown that for the situation where dislocations 
are in pairs, the increment of strengthening Ax0 caused by the 
creation of an antiphase boundary between the dislocation pairs is 
given
for (n:7vrr/4ys1s) < rpp* < (T/y„a )
by At = (y3S5/2b) [ (4YS3rpptvf r/n D°- s - vTr] (2.2.4a)
- 43 -
by At = (yw»/2b) [ (4vr r/Tr)°-E - vTr] (2.2.4b)
where is the energy of the antiphase boundary, T the line tension 
of the dislocation (~0. 5pb3) and vfr. the volume fraction of the 
precipitate.
If particles are sheared the associated strengthening effect depends 
on the intrinsic properties of the particles. If they are looped or 
bypassed the associated strengthening effect is only dependent on 
particle size and spacing and is independent of the intrinsic particle 
properties. For strengthening due to shearing the strength increases 
with both volume fraction and particle size. The optimum strength of 
age hardening alloys is thus increased by increasing the concentration 
of the elements participating in the ageing sequence. However, if the 
excess solute forms coarse primary phases the latter will not add 
significantly to the strength and will adversely affect the fracture 
toughness and fatigue properties.
Dispersion strengthening results when the particles cannot be cut by 
dislocations because they are not coherent. However, fully coherent 
particles may also be looped or bypassed if the stress required to 
force the dislocation through the precipitate is larger than the 
stress required to operate a bypass mechanism. The stress necessary to 
loop the particle depends mainly on the particle spacing and the 
properties of the matrix and decreases inversely with interparticle 
spacing as originally described by Orowan (1948).
At = pb/1 (2.2.5)
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1 = 4 <l-vf r )rpp^/3vrr. (2.2.6)
Here p. is the shear modulus of the matrix, b is the burgers vector 
and Tpp-fc is the particle radius.
The yield stress associated with particle bypass can be described by 
the Orowan-Ashby relationship in which an allowance is made for the 
finite size of the particles (Ashby 1964)
crv = <j0 + (3/2tc). (pb/1). ln(l/2b) (2.2.7)
Here cr0 is the flow stress of the unstrengthened matrix and may 
include a component of solid solution strengthening. Strength 
decreases with increasing particle size when the volume fraction is 
constant and becomes insignificant (less than lOMPa) in aluminium if 
the particle spacing is more than 3pm. For a particle spacing of 0. 1pm 
a strengthening increment of 190MPa is predicted.
Primary phases that form during RS will be finer than those in 
ordinary casting and may cause dispersion strengthening. However the 
effect is only significant (greater than lOMPa) for particles with a 
spacing less than ~3pm and thus for the typical volume fractions of 
interest (~0.2) coarse precipitates (diameter >lpm) are to be avoided.
For a particular volume fraction of coherent or semi-coherent 
precipitate there is obviously an optimum diameter of each particle 
such that the mechanism is just by-passing. If the particle was 
smaller, the stress required to shear it would be less than that
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apart and thus be less strong, see figure 2.2.3. By setting equation 
2.2.4a or 2.2.4b equal to equation 2.2.5 it is possible to estimate 
this critical radius, r*. For typical values for the antiphase 
boundary energy (0. 05-0. 5Jm-2:> and the volume fractions typically of 
interest (0.01-0.2) the critical radius for particles in an aluminium 
matrix is between 10A (7»»=0. 5, vfr.=0.01) to 500A (7sra=0. 05, vTr=0. 2).
There is a problem of strengthening with very small precipitates. If 
strengthening is due to a particle being sheared, the associated 
strengthening effect due to that particle is reduced after shearing, 
resulting successively in a local decrease in resistance to further 
dislocation motion, leading to planar slip, a tendency towards strain 
localisation and low ductility (Hornbogen and Zum Gahr 1975). To avoid 
this strain localisation additional coarser precipitates (dispersoids) 
are required.
Concommitant with uniform precipitation of coherent (metastable) 
phases heterogeneous precipitation of equilibrium phases can occur 
along grain boundaries (Starke 1970). These zones are weaker than the 
matrix and can be the site of preferential deformation leading to high 
stress concentration at grain boundary triple junctions leading to low 
ductility. The effect of strain localisation in the precipitate free 
zone is reduced by reducing the grain size (Starke and Wert 1986).
For strength to be retained at elevated temperatures the coarsening 
rate of the precipitates at that temperature must be very low. This 
will be discussed next.
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After completion of precipitation from supersaturated solid solution 
further annealing leads to coarsening of the precipitates. This 
process is driven by the difference in interfacial energy between the 
precipitate and the matrix and is known as Ostwald ripening. Small 
particles are more soluble due to their higher surface area to volume 
ratio and thus the excess surface energy can be reduced by the larger 
particles growing at the expense of the small ones.
The growth kinetics depend upon the rate controlling step in the 
process. This may be lattice diffusion, grain boundary diffusion or 
the rate of atom transfer across the interface. The majority of 
coarsening kinetics are lattice diffusion controlled (Adam and Lewis
1985). The relevant theory, due to Lifshitz-Slyosov-Wagner (LSW), 
shows that the mean linear dimension of the precipitates increases 
with the cube root of time.
d*3 - dj3 =.. (64DV v^v* ce (t-t*) )/(9xT) (2.2.8)
Here d^ and d x are the average particle diameter at time = t and at 
time = 0 respectively, Dv is the volume diffusion coefficient of the 
diffusing species at the ageing temperature, is the specific
surface energy of the particle/matrix interface, vat is the atomic 
volume of the precipitate phase, c& is the equilibrium solute content 
in the matrix at the ageing temperature, x is the Boltzmann constant 
and T is the ageing temperature.
Some values of c^ and Dv at 673K are given in table 2.2.1 for solutes 
in aluminium of interest to this thesis (plus data for Cu for 
comparison). Using values for ysaB of 0. 2J m-'-1'- and for v^^ of
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in Al the calculated coarsening of a dispersion of 0.1pm diameter 
intermetallics after lOOOhrs at 673K shows the diameter of the Cr 
particles will increase only 0.05%, the Zr particles only 0.001% but 
the Cu will have grown 470%. The coarsening of a dispersion of 100A 
diameter intermetallics after lOOOhrs at 673K will be 36% for Cr, 0.6% 
for Zr and 4600% for Cu.
These simple calculations show that very fine precipitates are not as 
stable at high temperature as coarser precipitates and it may be 
better to design an alloy with a higher volume fraction of coarser 
precipitate to reduce the interparticle spacing rather than producing 
a dispersion of very fine precipitates..
Table 2.2.1 Equilibrium solute concentration and diffusion 
coefficients for various solutes.
Solute Equilibrium solute concentration Diffusion coefficient
at 673K, at% at 673K, m* s"1
Cr 0.03 1 6.9*10-13 2
Zr 0.02 1 1.4xl0~2° 2
Cu 0. 60 3 2.3xl0~ls 3
References, 1 Saunders and Rivlin (1986), 2 Adam (1982), 3 Mondolfo 
(1976).
In equation 2.2.8 the crucial terms controlling the coarsening rate of 
the strengthening obstacles are the diffusivity flux, Dvxce, and to a 
lesser extent the interfacial energy, Coarsening rates in the
Al-Zr system have been reduced by the addition of V. The Ll2 Al3 (Zr,V) 
intermetallic can be produced with a lattice parameter exactly 
matching that of the Al matrix, reducing to a minimum (Zedalis and 
Fine 1986, Chen et al 1987). Table 2.2.2 lists the diffusivity flux at 
673K of transition metals in Al and for comparison, some other common 
alloy additions are also included.
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selected from the available data and that different choice of workers 
would give a value for the diffusion of the solute at 673K which is 
several orders of magnitude different from the values tabulated here. 
However the implication is that for the top 10 values of diffusivity 
flux the coarsening observed in the size of particles in a dispersion 
should be negligible (assuming volume diffusion and a similar value of 
Ysb for all), but that for the bottom five coarsening will be severe. 
In the design of aluminium alloys for high temperature use such a 
table has had great influence and most alloy systems of commercial 
interest (see sections 2.2.3, 2.2.4 and 2.2.5) are based on the top 5 
solutes in the table.
Table 2.2.2 Diffusivity flux for transition metals in aluminium.
Solute Solute Diffusion Activation Diffusivity Diffusivity
solubility coefficient energy (at 673K) Flux (at 573K)
(673K) ce at% D0, m3 s-1 Q, kJ mol-1 Dv, m3 s"1 at% m3 s~
Zr 0. 02 7.3xl0-2 241 1.4x10~3° 2.8xl0~33
Ce 0. 002 1.9xl0-10 111 4. 6xl0~13 9.2xl0“33
Ni 0. 001 2.9xl0~13 66 2.2xl0-le 2.2xl0~31
Fe 0. 005 91 260 6. 0xl0“13 3.OxlO"31
Cr 0. 03 5. 0 243 6. 9xl0~13 2.OxlO"30
Ti 0. 1 5.OxlO"11 108 2. 1x10_13 2.1x10“3°
V 0. 05 6.0xl0-12 82 2. 6xl0-13 1.3xl0"13
Mo 0. 04 1. 0xl0“13 55 5. 6x10“13 2.2xl0~13
Nb 0. 04 3. 9x10“13 69 1. 7xl0~17 6.8xl0~13
Co 0. 005 4. 6xl0~3 175 1. 2 x 10~1 s 6.OxlO”13
Mn 0. 1 2. 2xl0~s 120 1. lxio~1A 1. lxl0~ls
Cu 0. 6 2. 9xl0“s 130 2.3x10”15 1. 4x10-15
Li 6. 0 4. 5xl0“A 140 6. lxio~ls 3. 7xlO~1A
Mg 14. 4 1. 2xl0~s 120 5. 8x10“1s 8. 3xlO~1A
Zn 70 1. 2x10~3 116 1.lxlO"13 7. 7X10-11
All data Mondolfo (1976)
When the dominant diffusion mechanism is grain boundary diffusion the 
particles are expected to coarsen more rapidly. Unfortunately little 
data is available for grain boundary diffusion of transition metals in 
Al. For Fe in Al grain boundary diffusion is ~10s* faster than volume
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Jones 1982).
Elevated temperature strengthening.
At elevated temperatures (T > 0. 5TM) deformation may occur by 
mechanisms other than dislocation glide. These include dislocation 
climb, grain boundary diffusion, bulk diffusion and grain boundary 
sliding. Although there are certain temperature, stress and strain 
rate regimes where one of these mechanisms can dominate, they often 
operate simultaneously. Consequently, blocking one mechanism does not 
halt deformation, and effective strengthening approaches must halt all 
contributions to plastic deformation that proceed faster than the 
tolerable strain rate.
Historically, particle and subgrain strengthening mechanisms have been 
considered to be effective only against dislocation glide and 
dislocation creep, but not against diffusional creep. Long range 
diffusion, and not vacancy absorption or emission at interfaces, has 
been thought of as being the rate controlling step of deformation at 
high temperatures. However when diffusional distances are small, as in 
very fine grained material (e.g. produced by RS and heavy plastic 
deformation during consolidation), elevated temperature deformation 
processes may be interface controlled.
Boundaries or interfaces are usually described by interface 
dislocations whose Burgers vectors are smaller than in the matrix and 
this restricts their motion to within the ’boundary'. Diffusional 
creep then occurs by vacancies being generated or absorbed by the 
boundary dislocations. If the dislocations have high mobility then 
more vacancies can be absorbed and emitted by the interfacial
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and ‘classical’ diffusional creep occurs. However, if dislocation 
mobility is reduced by the presence of solute atoms or fine particles 
then deformation may be limited by motion of interfacial dislocations 
(Starke and Wert 1986).
Consequently, it is important to consider methods of inhibiting the 
dislocation motion, even for high temperature deformation. Thus the 
mechanisms described for inhibiting dislocation motion at low 
temperature are likely to lead to higher strengths at elevated 
temperature provided the material has a fine grain or subgrain size.
2.2. 3 Alloy development
To design an aluminium alloy with good strength at elevated 
temperatures the strengthening mechanisms covered in the previous 
section can be used in combination. The microstructure with the 
highest strength is thus likely to have a fine grain or subgrain size, 
a fine closely spaced dispersion of precipitates and possibly some 
solid solution strengthening. Fine dispersions from RS or mechanical 
alloying lead to significant increase in dislocation density during 
deformation processing. The substructure thus produced is usually 
stabilised by the particles and does not easily anneal out by recovery 
processes. Even the recrystallisation may be markedly suppressed if 
subgrain boundaries are strongly pinned by particles (Starke and Wert 
1986). The highest strength will be attained if the precipitates are 
produced on a very fine scale with a high volume fraction and it is 
clearly important that the coarsening rate at the elevated temperature 
is low. Alloy development has therefore concentrated on alloys with 
fairly high addition concentrations of elements with low diffusivity 
(generally transition metals). RS has been used to produce fine scale
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treatment. There has also been a tendency towards additions of other 
transition elements to promising binary alloys for a variety of 
reasons. The additions may increase the level of supersaturation 
achieved by RS, influence the precipitation mechanism, add alternative 
strengthening mechanisms (solid solution strengthening etc.) or reduce 
the coarsening rate of the precipitates or have a combination of these 
effects (Miller and Palmer 1985).
2. 2. 4 Eutectic systems
There has been much research into thermally stable aluminium alloys 
and a large part of this work has concentrated on alloys based on the 
eutectic Al-Fe system. Some of the historical landmarks are given 
below in table 2. 2. 3.
Table 2.2.3 Thermally stable eutectic aluminium alloys
Year Workers Alloy (wt%) Comments
1958 Towner (Alcoa) Al-Fe ((12. 8Fe) 
gas atomised and 
extruded
Properties better than 
SAP1 or commercial alloys 
UTS (315°C) 117-150MPa
1966a Esslinger Al-8 Fe 
twin piston splat
UTS (297°C) 193MPa
1974 Thursfield + 
Stowe11 
(Tube Investments)
Al-8 Fe 
molten droplets 
splatted onto drum
UTS (RT) 572MPa 
UTS (297°C) 234MPa
1975 Lockheed Corp 
(+AFWAL)
Property goals for 
elevated temperature alum­
inium alloys set in USA
1982 Adam 
(Pratt + Witney)
1983 Hi1deman 
(Alcoa)
Al-8Fe-2Mo + 1 
derivatives | 
L
Al-8Fe-4Ce + f 
derivatives | 
J
Both have high volume 
fraction of 10-50nm inter- 
metallics. Difficult to 
optimise alloys or process 
to produce a homogeneous 
microstructure.
1984 Skinner
(Allied)
Al-12Fe-2V + 
derivatives 
planar flow cast
Volume fraction of inter­
met allies 35-40%
1 SAP = Sintered Aluminium Powder
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property goals for aluminium based alloys in 1975 so that they could 
be considered as candidates for replacing titanium alloys in many 
applications where service temperatures preclude the use of 
conventional alloys. The goals set by Lockheed are given in table 
2. 2. 4.
Table 2.2.4 Lockheed property goals for aluminium alloys.
Test temperature (°C) Proof Strength (MPa) Tensile Strength (MPa)
Room 455 525
150 420 455
232 350 385
315 210 245
The alloys should retain 100% of room temperature strength after 
either 100 hours at 315°C or 1000 hours at 232°C and below.
Targets were also set for elongation to fracture at room temperature 
<5%), fatigue strength, plane stress toughness, plane strain fracture 
toughness, modulus and creep stress for 0.2% creep in 100 and 1000 
hours (Langenbech et al 1986).
Although the tensile and proof strength goals were eventually achieved 
by both the Pratt and Witney and the Alcoa alloys other properties 
goals, particularly ductility and fracture toughness could not be 
attained. More recent work by Allied on an Al-Fe-V-Si alloy has 
achieved all the goals. This alloy consists of very fine, nearly 
spherical aluminium-iron silicide dispersoids uniformly distributed 
throughout the aluminium matrix. The superior elevated temperature 
strengths and stability of these alloys are due to the much slower 
coarsening rates of the silicides compared to the dispersoids found in 
the other aluminium alloys.
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Initial microstructural investigations in the USSR (Elagin and Fedorov 
1977) and the UK (Midson 1982) showed the potential of Al-Cr alloys 
with Zr additions with regard to thermal stability. Alloys based on 
Al-5Cr-2Zr were then developed by Alcan International (e. g. Miller 
1984, Hughes et al (1985), Miller et al (1985), Marshall et al 
(1986a). This development was primarily concerned with the 
investigation of quaternary element additions to further improve the 
thermal stability of the precipitates (Miller et al 1985,
Tsakiropoulos et al 1988).
These alloys differ from those based on the aluminium-iron system in 
that the optimum microstructure for strength and thermal stability is 
not formed during solidification but is developed by thermal treatment 
during or after consolidation. The alloys exhibit similar high 
temperature strengths to the Al-8Fe-4Ce and Al-8Fe-2Mo alloys, can be 
consolidated at a higher temperature than the Al-8Fe type alloys and 
have a density 2-3% lower than the other two ternary alloys which is 
an additional advantage for weight savings in structural applications 
(Miller and Palmer 1985).
Another Al-Cr alloy, Al-7. 5wt%Cr-l. 25wt%Fe has been developed by RAE. 
The alloy is electron beam evaporated and quenched from the vapour 
phase onto a substrate. This produces a microstructure in which most 
of the chromium is retained in supersaturated solid solution whilst 
the iron combines with some of the chromium to form a uniformly 
dispersed strengthening precipitate array. Gardiner and McConnell
(1987) report that the room temperature strength of the alloy 
increases from 692MPa at 7wt% Cr and lwt% Fe to 818MPa at 8. 6wt%Cr and 
1.5wt%Fe. This is the highest reported strength for an advanced
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is retained after exposure for 1000 hrs at 270°C it falls off rapidly 
at higher temperatures.
Frazier and Thompson (1988) have recently reported work on Al-3Ti-3X 
alloys ( were X is Ce or V) in which stability to 400°C was observed.
2. 3 Nucleation
2.3.1 Introduction
A volume of melt will contain a range of possible nucleation sites, 
Cnucleants or motes), with a range of catalytic activity. These will 
reduce the activation barrier for nucleation so that it can occur at 
smaller undercoolings than would otherwise have been possible. The 
effectiveness of a particular nucleant will depend on several factors 
and these are discussed in section 2.3.4. The most potent nucleant in 
a particular volume will limit the undercooling achieved prior to 
nucleation. The probability that a sample will contain a potent 
nucleant increases with the size of the sample and thus large volumes 
rarely exhibit significant undercoolings prior to solidification.
The range of observable undercoolings can be extended by techniques 
that remove the most potent nucleants <e. g. fluxing) and/or reduce the 
sample volume. Much of the early systematic work on nucleation was 
performed by Turnbull and co-workers (e.g. Turnbull and Cech 1950, 
Turnbull 1950, 1952) using the droplet sample configuration. This
isolates the nucleants so that each droplet nucleates only when the 
undercooling is sufficient for its most potent nucleant. Although some 
droplets will contain very potent nucleants and achieve only small
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undercoolings. Similarly atomisation sub-divides a large melt into 
droplets the bulk of which will contain only poor nucleants.
Nucleation assisted by nucleants is called heterogeneous nucleation 
and is discussed in section 2.3.3 but first, nucleation without 
nucleants, homogeneous nucleation, will be considered.
<2.
2.3.2 Homogenous nucleation
The classical theory of nucleation assumes a spherical nucleus whose 
free energy difference from the melt, AG, is composed of an interface 
and a volume term, such that
AG = 'Ym l. 4nrN2 - AG^. (47t/3).rN3 (2.3. 1)
where rN is the radius of the nucleus, ynl_ is the interfacial energy 
between the nucleus and the liquid, and AGn is the driving free energy 
for the nucleation of the product phase. As shown in figure 2.3. t, AG 
exhibits a maximum as a function of rN, which leads to an activation 
energy barrier of magnitude AG*1-10"', at the critical radius rN*.
rw* = 2YNU/AGri (2. 3. 2)
AG»: h = (16tt Yni_3>/(3 AG^3) (2.3.3)
Any cluster, formed by fluctuations, that exceeds the critical size 
will become a nucleus and grow. The steady state frequency of 
homogeneous nucleation, Jhom, is
Jhom = (Du. Nvhta"Vai£)exp(-AG:*h'0,,',/xT) (2.3.4)
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the temperature of nucleation, Nv,Hom the number of sites active for 
nucleation in the sample volume <i. e. , is the number of atoms in this 
case) and a the atomic spacing (Turnbull and Cohen 1960).
Unless very special experimental precautions are taken nucleation will 
not occur with equal probability at all possible nucleation sites and 
there will exist areas where the interfacial energy, which is 
responsible for the formation of the activation barrier, is lowered, 
giving rise to heterogeneous nucleation.
2. 3. 3 Heterogeneous nucleation
The action of a preferential (heterogeneous) nucleation site can be 
expressed in terms of a contact angle, 0, between the liquid and the 
solid, and a shape function, f(8>, describing the reduction of 
activation energy for the formation of the nucleus. An expression for 
the heterogeneous nucleation rate can be derived on the basis of
the homogeneous nucleation theory as
Jhet = (Dt_. N ^ V a ^ e x p ^ A G ^ V x T )  (2.3.5)
where is the number of heterogeneous nucleation sites per unit
volume and,
= AG*hom..f(0) (2.3.6)
With the help of equations 2.3.5 and 2.3.6 three different nucleation 
situations can be described. For f(0> = 1, homogeneous nucleation 
occurs and the number of active sites in equation 2. 3. 5 is the
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nucleation events are covered for 0 < f (0) < 1, with Nvh*'t 
representing the number of atoms in contact with the nucleation 
surface responsible for the considered process. For f (0) =0, no 
nucleation threshold is present and equation 2.3.5 describes the 
growth process at the interface of an existing crystalline phase and 
reduces to unity (Feuerbacher 1988).
The function f(8> is dependent on the geometry of the nucleation site; 
for nucleation on a planar substrate Volmer (1929) calculated the 
function as f(8) = (2-3cos0+cos38)/4. However for nucleation on a 
spherical substrate of radius R, Fletcher (1958, 1959, 1963) the shape 
function is related to cos0 and R/rN *t where rN* is the critical 
radius given by equation 2.3.2. The shape function is complex but 
there are two asymtopic limits with respect to the variable R/rN*; for 
a large value of R/rN* (>100), the function becomes that for a planar 
substrate and for a small value of R/rN* (<0. 4), the value of the 
function becomes 1 irrespective of the wetting angle, and homogeneous 
nucleation is favoured.
The nucleation rate is a relatively steep function of temperature with 
the steady state value determined by the value of the exponential 
terms in AG*H,&'fc at the nucleation temperature and to a lesser 
amount by the prefactor (= D L R / ^ V a 3) term.
In homogeneous nucleation of liquid metals the prefactor 
( = D. Nvhor,'7a0;2), has been estimated as lO3®*1 m-3 s~1 (Perepezko
1986). However, when estimating the prefactor in heterogeneous 
nucleation it is necessary to consider that the catalytic site density 
and active surface area may vary for different conditions.
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potency of a nucleation site and it is because of this that a range of 
f(8) values are used in calculations. However, the most important 
parameters in determining the nucleation rate and hence the maximum 
undercooling level are AG„ and Ynl.. Both have received experimental 
and theoretical study, e.g. Turnbull (1952), Thompson and Spaepen 
(1979), Hillert <1953).
In pure metals the value of AG„ can be calculated directly from
T/v, 1M
AG„ = AHf AT/TM - J ACt, dT + T J AC„/T dT <2. 3. 7)
T T
where AHf is the molar heat of fusion, AC^ , is the difference in heat 
capacity between the undercooled liquid and the crystal and AT 
( = TM - T) is the undercooling. Estimation of ACW is difficult due to 
lack of experimental data. Usually measurements are not available and 
thus the temperature dependence of AGn is approximated by assuming 
various forms of ACW. If AC^ is assumed to be zero (Turnbull 1952) the 
relation becomes
AGn = AHfAT/Tm = AHr <1-TR) (2.3.8)
where TR is the reduced temperature (T/TM). This has been shown to 
represent experimental results to a good accuracy (Perepezko and Paik
1984), at least for pure metals.
Accurate evaluation of AGn is crucial for proper analysis of the 
crystallisation kinetics. An error in AGr, of 10% would alter the 
nucleation rate (equation 2.3.5) by a factor of lO*2 which is near the
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and homogeneous nucleation (Perepezko and Paik 1984).
The nucleation rate is proportional to exp (“YNl_3), making it very 
sensitive to even slight errors in the value of Ynu.* Unfortunately 
direct measurements of Ynl.» even with large uncertainty, are very 
difficult. Values of Ynl. have been calculated from classical 
nucleation theory by assuming that the experimentally obtained maximum 
undercooling values are associated with homogeneous nucleation 
(Turnbull 1950). Unless the maximum undercooling value is proven to 
refer to homogeneous nucleation, the estimated Ynl. value is expected 
to underestimate the true value.
Mueller and Perepezko (1987) estimated Ynl. = 128 mJ/nr2 for aluminium 
based on the measured maximum nucleation undercooling (175°C>. However 
Eustathopoulos et al (1976) determined Ynl. as 158 mJ/nr'- based on the 
extrapolation of dihedral angle measurements in aluminium alloys. The 
difference in these values may be due to a temperature dependence of 
Ynl.* The nucleation derived value corresponds to Yni._ at the 
undercooling temperature T„ and not to the melting temperature. More 
information on the temperature dependence of Ynu is required .
Theoretical models of the solid-liquid interface have been proposed by 
Skapski (1956), calculating Yni_ from enthalpic bond breaking 
arguments, Spaepen (1975), from entropic considerations, and Waseda 
and Miller (1978) and Bonissent et al (1985) using an intermediate 
approach where a weighted contribution of enthalpic and entropic terms 
is used. Turnbull (1950) related Yni.."’' to the molar heat of fusion,
AHfm, by the simple expression
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where is a constant (the value of 0. 45 was suggested by Turnbull 
for transition metals) and Yml/" = Ynl.* N1 ''3. vm2/a, Turnbull 1950,
(with N Avagadro’s number and vrn the molar volume).
Using equations 2.3.8 and 2.3.9, and converting to molar quantities, 
the activation energy for homogeneous nucleation (from equation 2.3.3) 
can be written
AG*hom = C1q k  m f "' p63)/(3N (1-T„)2) (2.3.10)
In the above equation the parameters are usually available. (AG,-,0* is 
the molar free energy driving force for nucleation and is equal to 
AGr,. vm, AHfm is the molar heat of fusion and is equal to AHf.vm, 
Turnbull 1950.)
Substituting equation 2. 3. 10 into equation 2. 3. 4 the undercooling at 
which the nucleation rate becomes sufficiently high to result in 
nucleation in a particular droplet volume, cooling at a particular 
rate, can be calculated. Pan et al (1989) have recently performed this 
calculation for Al-Cr and Al-Zr alloys in conditions approximating 
those for continuously cooled helium atomised droplets. The predicted 
undercooling behaviour in these alloys is discussed below in section 
2. 3. 5.
The previous discussion has considered only fluctuations in the size 
of the nucleus. In nucleation of alloys it is necessary to consider 
also fluctuations in composition. In an alloy, both the interfacial 
energy, Ynl.» an^ the liquid-solid free energy difference, AG„, depend
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nucleus is found as before, by looking for the smallest activation 
barrier AG*, which will be a saddle point in the three dimensional 
space given by r, c and G.
It is also important to consider the possibility of multiple 
nucleation. The thermal conditions immediately following the initial 
nucleation event have an important influence on the likelihood of 
additional nucleation events in the liquid volume, Perepezko et al 
(1986). The thermal history reflects the net result of two competing 
effects, the imposed external cooling and the recalescence arising 
from the latent heat emitted by a rapidly advancing solidification 
front. Thus an undercooling may develop immediately following a single 
nucleation event, because although the rate of growth may be large, 
the crystal size is small, so that recalescence may not overcome the 
external cooling and the temperature can continue to fall. This may 
activate further nucleation events (Levi 1989).
Multiple nucleation will be favoured by rapid cooling rate, high 
nucleant density and especially by low growth velocity. According to 
Boettinger (1982) growth of a multiphase solid with solute 
partitioning is limited to ~10 cm/sec while solidification of pure 
metals or supersaturated solid solutions can be faster by a factor of 
lO2 or more (see section 2.4). Thus during partionless solidification 
multiple nucleation is not expected because growth is rapid. However a 
high site density may allow some extra grain formation (as noted for 
Al-Si alloys by Mueller et al 1985).
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There are two sources of 'substrate' particles in most solidification 
processes. Sims <1959) labels these exogenous and endogenous 
inclusions.
<i> Exogenous inclusions are non-metallic particles present in the
melt prior to cooling that come from any chemical or mechanical
interaction occurring between the melt and the crucible etc. .
(ii) Endogenous inclusions result from chemical supersaturation with
respect to some nonmetallic or intermetallic phase during the 
cooling process.
In atomisation there are two other sources of heterogeneous nucleation 
sites.
(iii) As the droplets form they may react with the atomising gas, 
impurities in the atomising gas or vapour present in the 
atomisation chamber and the reaction product on the surface of 
the droplet may act as a nucleation site. The amount of oxygen 
present as an impurity in helium gas (typically lvppm) is 100* 
more than that required to produce a monolayer of oxide on the 
surface of any size of powder in typical atomisation conditions 
(Melt: Gas mass flux ratio of ~1).
(iv) A range of droplet sizes are produced during atomisation and the 
smaller ones solidify in a much shorter flight distance than the 
larger droplets. It is therefore a common occurrence for a small 
solidified droplet and a large molten droplet to collide in 
which case the solidified droplet may act as a nucleant for the 
molten droplet (Clyne et al 1984).
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The nature of nucleants active at low undercooling has been studied by 
many workers (for a recent review see Mondolfo 1989). Although there 
is still much controversy as to the factors that control heterogeneous 
nucleation there is mounting evidence to suggest that nucleation is 
non-reciprocal in the sense that if a phase nucleate (3 phase at low 
undercooling the {3 phase does not nucleate the a phase at low 
undercooling, if at all. The balance of the interfacial energies 
(fig. 2.3.2) emerges as a controlling factor in heterogeneous 
nucleation: if ysl. > Yns + Yni_cos8 then the nucleus N tends to spread 
on the substrate S to reduce the total energy of the system and growth 
of the nucleus can proceed.
Measurements of contact angles have shown that when nucleation takes 
place at low undercoolings the contact angle 0 is usually very small 
and does not exceed 20°. Thus the values of cos0 are very close to 
unity 00.93) and as a first approximation the term cos8 can be taken 
as unity and neglected. For nucleation at low undercooling the energy 
is greatly reduced if there is epitaxy between the nucleus and the 
substrate which results in low disregistry between the two phases.
Thus for nucleation at small undercoolings when there are a couple of 
planes, one from the nucleant and one from the nucleus that have a 
good crystallographic fit, the term Yns; becomes very low and can also 
be left out of the inequality.
The controlling factor then is the relation ye:l_ > Ynl_* A useful 
estimate of the relative magnitude of a solid-liquid surface energy 
can be calculated from the semi-empirical relation involving the heat 
of fusion of the solid (see equation 2.3.9). It has been found that 
substrates with enhanced heats of fusion show reduced undercoolings
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melting point phases will be nucleants for lower melting phases.
The interfacial energies that have been discussed are average 
energies. This means that their values tend to be low since crystals 
tend to be bound by faces of highest atomic density and therefore 
lowest energy, whereas nucleation would be expected to take place on 
the nucleant faces with the highest energy. Nucleation on high order 
planes can explain why the less symmetrical crystals can be good 
nucleants. In highly symmetrical crystals (fee, bcc and hep) the 
difference in energy between low and high index planes is relatively 
small, whereas it is much larger for less symmetrical crystals 
(tetragonal, orthorhombic). Thus if the nucleant has a low symmetry 
crystal structure and the nucleus has a higher symmetry crystal 
structure, even if the fit is between two high energy planes the 
nucleant plane will have higher energy than the nucleus plane and the 
growth of the nucleus on the nucleant will reduce the total energy of 
the system.
There is data in the literature that indicates nucleation 
preferentially on high index, high energy faces of intermetallics. In 
a study of the effect of superheating on aluminium alloys (Mondolfo 
and Barlock 1975) it was found that as the time the melt was held at 
high temperature was increased the undercooling for nucleation 
increased too, most probably because the high energy faces of the 
nucleant were replaced by lower energy faces. This change in the 
nucleant has been observed in droplets of a bismuth rich Cd-Bi alloy 
(Mondolfo 1989).
- 65 -
aluminium; Al3Zr and A110V like Al3Ti (which is used as a grain 
refiner) require less than IK undercooling and Al^Cr^ requires 2-7K 
(Cibula 1952, Marcantonio and Mondolfo 1970, Delamore and Smith 1971). 
Mueller and Perepezko (1986) recorded an undercooling of IK for Al3Ti.
Nucleation at large undercooling.
To study nucleation at larger undercoolings it is necessary to remove 
any contact between the melt and the most active nucleants, and the 
most common way to do this is to disperse the melt volume into a large 
number of small droplets. The origin of liquid undercooling that 
occurs in droplets is attributed to the isolation of potent 
heterogeneous nucleation sites (Turnbull 1952), where, for 
probabilistic reasons based on droplet volume (see below), larger 
droplets are expected to contain the most potent heterogeneities and 
smaller droplets are expected to contain progressively less-potent 
het erogenei t i es.
The catalysts that initiate nucleation at very small undercoolings in 
liquids subject to bulk solidification processing are thus contained 
by individual droplets with relatively large diameters after 
atomisation. Smaller droplets without such catalysts are free to 
continue cooling as liquid. With decreasing temperature, other less- 
potent catalysts become active, and these droplets will also solidify. 
Droplets containing no sufficiently-potent catalysts will nucleate
t
homogeneously at the largest undercoolings.
Let us assume a droplet sample which contains a distribution of 
nucleants, either internal in the volume of the melt or on the 
surface, which can become active during cooling. The droplet fraction
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distribution function. For the case of volume nucleation the nucleant- 
free droplet fraction, X, among monosize droplets of volume, v.d, is 
represented by,
X = exp C-Mv*) <2.3.11)
where M is the number of active nucleants per unit volume. Thus, Mvd 
is the average number of active nucleants per droplet.
With such a nucleant distribution it is necessary for a sample to 
contain an active nucleant concentration of only ~10iem~3 to nucleate 
crystallisation in virtually all droplets of ~30jim diameter, see 
figure 2.3.3. However, a size refinement to ~4)im diameter with this 
nucleant concentration yields 90% of droplets nucleant free. This 
indicates the importance of particle size refinement in achieving a 
large undercooling. However, if further size refinement yields an 
increase in undercooling then the effective active catalyst 
concentration will increase accordingly.
It should also be noted that although the fine droplets are predicted 
to be nucleant free it is the larger droplets in a typical powder size 
distribution that contribute most of the volume of the material. It is 
therefore important to reduce the size of the droplets as much as 
possible to achieve the highest undercoolings for the bulk of the 
material.
Depending on the distribution mechanism of nucleants during the 
droplet formation the average number of active nucleants per droplet 
is proportional either to the volume or to the surface area of the
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in terms of the droplet diameter, drJ as
X = exp <-<dCJ/dB)''') (2.3.12)
where d& is related to the nucleant site concentration (Drehman and 
Turnbull 1981). When the average number of active nucleants per 
droplet is proportional to the droplet surface area n=2 (heterogeneous 
surface nucleation), and n=3 when the average number of active 
nucleants per droplet is proportional to the droplet volume 
(heterogeneous volume nucleation).
The Poisson distribution function has been applied to the 
vitrification of droplet samples in several studies. The 
solidification behaviour of Pd-Si powder was investigated by Drehman 
and Turnbull (1981) and that of ZnCl^ powder by Paik and Perepezko
(1983) and both systems were found to be most closely described by 
heterogeneous surface kinetics (i.e., n=2). Those powder particles 
which were amorphous were assumed not to contain heterogeneous 
nucleants and thus from the fraction of each size of droplets which 
were amorphous the number of nucleants per m-3 of surface area could 
be calculated.
Since, in equation (2. 3. 10), Mv,., is proportional to the total number 
of active nucleants contained in the original liquid and the size of 
the droplet, the fraction of nucleant-free droplets is related to the 
purity of the starting material as well as the degree of refinement. 
However, in experiments by Perepezko (1984), in aluminium melts,
99. 999% and 99. 83% pure, the purity was found to have only a minor 
effect on the undercooling achieved.
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sufficient to nucleate nearly all 30pm diameter droplets. The size of 
the active nucleant may be very small as it can still be active even 
with a radius as small as 0. 4* the critical radius for homogeneous 
nucleation (rN*), Fletcher 1958. For nucleation of aluminium with an 
undercooling of 100K an active nucleant may thus only contain 80 
(impurity) atoms. At the extreme it follows that an impurity 
concentration of only 1 atom in every 2.5X1011 atoms could influence 
the undercooling achieved in droplets of 30pm diameter. It is 
therefore clearly extremely difficult to purify a melt sufficiently to 
achieve the extremely low impurity levels required to effect the 
nucleants active at low undercoolings. However although these 
nucleants cannot be removed from the droplets they are not very potent 
and therefore a large undercooling may still be achieved in melts of 
low purity as observed by Perepezko (1984).
If single-nucleation kinetics with a steep temperature dependence is 
operating, the effect of the amount of undercooled volume on the 
nucleation temperature is relatively small (Turnbull 1952). For 
isokinetic behaviour a sharp nucleation peak over a narrow temperature 
range (ie 5T<10°) is expected even with a sample of relatively broad 
powder size distribution. However, a broad crystallisation peak over a 
wide temperature range (ie 5T>20°) has been observed by many workers 
producing powder by the emulsification route (for example Perepezko et 
al 1985), suggesting that the operation of single nucleation kinetics 
is unlikely.
It has also been suggested (Turnbull 1952, Perepezko and Paik 1982) 
that the broad crystallisation range is associated with multiple 
nucleation events that are continuously activated during the cooling
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each droplet is associated with the catalytic potency of the most 
active nucleant within the undercooled volume. Therefore, nucleation 
occurs at different levels of undercooling in different droplets, 
which can result in the formation of different microstructures. Even 
if the same structure is nucleated at the different levels of 
undercooling this structure will not necessarily be retained in the 
final solidification pattern. Perepezko et al (1985) have found that 
different thermal histories during the recalescence period following 
nucleation can dramatically alter the final structure.
What will be the character of nucleants active at large undercoolings?
Although the hypothesis that liquid undercoolings tend to increase 
with decreasing droplet diameter is well accepted, little is known 
about the nature of the catalysts that control the undercooling and 
the temperatures at which they become active.
From the work of Fletcher (1958) it is expected that the size of the 
nucleant can be no smaller than 0. the critical radius,
otherwise homogeneous nucleation will be favoured. Converting equation
2.3.2 to molar quantities rN* is given by
rN* = (2YMi_rft. (vrn? ‘'^3)/<AGri-. (N)'^3> (2.3.13)
Substituting for YNl_m from equation 2.3.9 and for AG^ "* from equation 
2. 3. 8 gives
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r — 1.45 rra.t/ATR
where v^* Is the atomic volume, AT„ is (1-(T^ /T/v,)), pe = 0.45 
(Turnbull 1950), and rm± is the atomic radius. For aluminium with an 
undercooling of 100K, r = 13.5*^.*. An nucleant active at this 
undercooling could therefore have a radius as small as 5. 4xra^  (= 7A).
Homogeneous nucleation is also favoured if the contact angle of the 
nucleant becomes very large. Boettinger and Perepezko (1985) 
considered the case when the rate of nucleation due to surface 
heterogeneous nucleation, and the rate of nucleation due to
homogeneous nucleation, Jhom, become of comparable magnitude for a 
given powder size. For a monosized droplet distribution this can be 
expressed in terms of the ratio
Jhom/Jhei: = Q ^ / Q ^  exp [ - AG*/xT (l-f(9))] (2.3. 15)
When Jhom and become comparable at one nucleus drop"1 sec-1 for a
20jim volume element, then Jhom = 2. 4*10a s-1 cm"3 and 
Jhea-t = 7. 9X10"1 s"1 cm~2. A sensible limiting value for AG* is 60xT, 
resulting in a value for the contact angle from equation 2.3. 15 of 
about 118° (assuming Q^om is 10rtl m~3 s"1, and 0*,* is 1031 m~;a s-1 
and a constant catalytic site density). For nucleants described by 
contact angles in excess of 118°, homogeneous nucleation is expected 
to dominated against a background of heterogeneous nucleation as 
demonstrated in figure 2.3.4.
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nucleant can be and still be active. It is also clear that nucleants 
that are active only at large undercoolings can be very small and may 
be difficult to observe even in a TEM section of a solidified droplet.
Perepezko et al (1986) compared the microstructure developed in Al-Si 
and Al-Fe alloy powders produced by the emulsification technique. By 
following a thermal cycle it was possible to deliberately introduce a 
primary phase (Si for the Al-Si alloy and Al3Fe for the Al-Fe alloy). 
The achieved undercooling suggested premature crystallisation with 
respect to the maximum previously achieved in these systems with no 
primary catalyst. However, even with the presence of primary-phase 
catalysts, a significant undercooling below the eutectic of 60°C for 
Al~6Si and 90°C for Al-9Fe was observed. Silicon in the Al-6Si alloy 
and the Al3Fe intermetallic thus do act as nucleants for the liquid 
aluminium but only at large undercoolings. The structure of the 
nucleant acting at a high undercooling must only have the poorest 
match in the lattice spacing (because if there was epitaxy then 
nucleation would occur at a low undercooling).
The undercooling limit may be determined by the catalytic nature of 
the droplet surface coating. Mueller and Perepezko (1986) studied 
three dispersive media in their emulsification experiments on 
aluminum, an eutectic LiCl-KCl salt, an eutectic Li2S0A-KsS04 salt and 
a NaP03-KP03 equal weight salt. The chloride of aluminium is not 
particularly thermodynamically stable and later investigation (Mueller 
and Perepezko 1987) by X-ray diffraction measurements indicated that 
an A1s.03 based coating is produced in the LiCl-KCl salt. The other 
salt systems were chosen for use on the basis of propensity to promote 
aluminium compound formation with the expectation that the usual oxide
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powder production. The expected products were A1P0a for the phosphate 
system and Al^CSO*^ for the sulphate system.
The undercooling response of the aluminium powders produced in each of 
the salts during thermal analysis is shown in Figure 2.3.5. The powder 
particles attained a distinct undercooling level, the largest 
undercooling achieved in the sulphate salt, although it should be 
noted that not all of this powder undercooled to the maximum with some 
nucleating at a similar temperature to the powder produced in the 
chloride salt.
Investigation of the surface coating using Auger Electron Spectroscopy 
revealed that the oxide coating had been modified by the salt in each 
case but not totally displaced by it. The thickness of the coating was 
smallest for the chloride salt but in all cases the metallographic 
observation indicated the thickness was less than lOOnm.
Estimation of the likely catalytic potency of the oxide produced on an 
atomised droplet is thus difficult though it is probable that it is 
less rather than more active. The oxide that forms on aluminum melts 
is amorphous and is not expected to be an effective nucleant. The 
stable crystalline o'-A1203 can form only after prolonged heating above 
800°C .
It is therefore possible to discuss nucleation in alloys of interest 
to this thesis. In peritectic alloy droplets there are two nucleation 
events of interest; nucleation of the intermetallic phase and 
nucleation of the aluminium matrix. Nucleation of the intermetallic 
phase occurs within the volume of the melt and requires an individual
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mechanisms are:
(i) nucleation on a non-metallic impurity (from the crucible etc.),
(ii) nucleation on an endogenous inclusion, or
(iii) homogeneous nucleation.
The mechanisms for the aluminium matrix can only become active after 
the melt has cooled below the a-aluminium liquidus temperature and are 
the same as for the intermetallic plus:
(iv) heterogeneous surface nucleation
(v) nucleation by collision with another solidified droplet and 
<vi) nucleation by the intermetallic phase.
2. 3. 5 Undercooling
To achieve a high interface velocity, one of the most important 
factors is the undercooling prior to nucleation, see section 2.4. 1. 
Using the equations given in section 2.3.2 it is possible to calculate 
the undercoolings at which homogeneous nucleation of a phase will 
occur in a droplet of a particular volume with a particular cooling 
rate. Saunders and Tsakiropoulos (1988) have performed such a 
calculation for Al-Cr and Al-Zr alloys with conditions approximating 
to rapid solidification during helium gas atomisation. Results from 
the isothermal treatment for 10pm and 500pm diameter droplets of 
Al-lat%Zr and Al-2at% Cr alloys are given in table 2.3.1, and in 
figures 2.3.6 a and b and 2.3.7 a and b. Pan et al (1989) have 
recently recalculated the homogeneous nucleation temperatures in these 
alloys for continuous cooling conditions which resemble more closely 
the conditions in gas atomisation. Their results are also given in 
table 2. 3. 1. For continuous cooling conditions the predicted 
undercoolings have increased by about 10%.
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1 Al-lat% Zr Al-2at% Cr
1 a-A1 1 Al3Zr 1 a-Al 1 Al13Cra 1 Al^Cr
dd, jim !TV*(°C) AT 1 TV* (0 C) AT ITV*(°C) AT 1 TV* (0 C) AT ITV*<°C) AT
iso1 1 433 255 1 396 604 1 422 256 1 380 414 1 362 442
to 1 1
c. c2 1 406 282 1 332 668 1 390 288 1 331 463 1 305 499
iso1 1 481 207 1 542 458 1 469 209 1 467 327 1 458 346
500 1 1
c. c2 1 465 223 1 520 480 1 451 227 1 452 349 1 434 370
1 Isothermal model (Saunders and Tsakiropoulos 1988), 2 Continuous 
cooling model (Pan et al 1989). TV* is the critical nucleation 
temperature of the designated phase and AT is the undercooling below 
the liquidus of the designated phase at which nucleation occurs.
These results suggest several important features that should be 
observed in these alloys.
(i) The temperature at which homogeneous nucleation occurs is lower 
for smaller droplets.
(ii) As the size of droplets increases there will be a change in the 
observed microstructure from a-aluminium to intermetallic plus 
a-aluminium.
(iii) For a particular alloy composition the nucleation temperature of 
the Al^Cr^. phase is always below that for the Al13Cr2 phase and 
therefore the Al^Cr^ phase is unlikely to be observed unless 
the growth of the Al13Crs phase is very slow.
(iv) The nucleation temperature is above the temperature for 
hypercooling and therefore part of the solidification of these 
droplets will occur at a rate determined by the external heat 
extraction rate. It is however possible that in very small 
droplets (<10jim) the nucleation temperature for homogeneous 
nucleation will be below the temperature for hypercooling.
Hypercooling allows any heat released during solidification to be 
removed internally and a high solidification front velocity to be
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temperature, TV, such that the latent heat released during complete 
solidification Is just sufficient to rise the temperature to Tt-, the 
temperature Tfcl is termed the isenthalpic temperature. It marks the 
upper limit of the hypercooling regime, and can be defined by the 
condition
AH* = J Cm <T> dT (2.3.16)
Tto
with Cl^ (T) the heat capacity of the liquid at temperature T. If the 
latter is assumed to be independent of temperature, equation 2.3.15 
gives the isenthalpic undercooling interval, ATfcl = Tf - Tt-, = AH*/CW 
(= 376K in aluminium).
The total amount of heat released in the crystallisation process and 
the heat capacity of the system set an upper limit to the temperature 
of the sample during recalescence. This temperature is a crucial 
parameter for the action of secondary processes such as structural 
transformation, compositional partitioning, coarsening or even 
remelting, and thus has an important influence on the morphology of 
the final product.
It is important to note that heterogeneous nucleation has been shown 
to limited the undercooling in all experiments designed to study 
nucleation. Therefore the estimates for the nucleation temperature in 
atomised droplets by Pan et al (1989) must be treated as a lower 
limit. However if any nucleant present in the case of heterogeneous 
nucleation is active with similar efficiency for each of the possible 
phases the general trends predicted will still be valid though the
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Tsakiropoulos 1988).
2. 4 Growth
Following nucleation growth commences. The morphology of the advancing 
interface and its velocity will depend upon several factors e.g. the 
kinetics of atomic attachment to the interface, the shape of the 
interface and the diffusion of heat and mass. The relative importance 
of each of these factors depends upon the solidification conditions 
and upon the solidifying substance. In RS the growth velocity can be 
very high and the resultant microstructure can be particularly novel. 
The important theoretical aspects are discussed briefly below.
2. 4. 1 Atomic attachment kinetics
A crystal surface grows by addition of atoms to the interface. 
Differences in the observed growth rates in early experiments (Wilson 
1900, Hillig and Turnbull 1956) were interpreted by Chalmers (1958) to 
depend on the interface structure. Two types of interface structure 
are shown in figure 2.4.1. A faceted interface (figure 2.4.1a) is 
jagged and faceted on the microscopic scale but smooth on the atomic 
scale whilst a non-faceted interface (figure 2.4.1b) is 
microscopically flat but rough on the atomic scale, Kurz and Fisher
(1984).
The atomically rough interface grows much more easily than the 
atomically flat interface as it always exposes a lot of favourable 
sites for attachment of atoms from the liquid. The interface thus 
moves forward more or less uniformly and its growth is 'continuous', 
Wilson (1900). It remains atomically rough and grows with a low
forward growth occurs preferentially at steps which sweep laterally 
across the interface. Solidification is then said to proceed by 
lateral growth, (Frank 1949, Hillig 1959). Such an interface will 
expose few bonds to atoms arriving via diffusion through the liquid 
and the crystal has a tendency to close up any gap in the interface at 
the atomic scale. This leads to crystals which are faceted at the 
microscopic scale and exhibit high kinetic undercooling (Cahn et al 
1964).
Metals usually solidify with microscopically smooth solid/liquid 
interfaces and exhibit no facets, despite their crystalline nature. 
Nevertheless, a remaining slight anisotropy in properties such as the 
anisotropy of the interface energy leads to growth of dendrite arras 
along certain crystallographic directions. In faceted materials such 
as intermetallic compounds the inherently rough, high index planes 
accept added atoms readily and grow quickly. As a result these planes 
disappear and the crystal remains bound by the more slowly growing 
facets (low index planes).
The classes of' non-faceted and faceted crystals can be distinguished 
on the basis of the entropy of fusion, Jackson (1958a, b). Values of a 
(= ASfV/x, where ASrnf is the molar latent entropy of fusion and x is 
the Boltzmann constant) which are less than 2 imply a tendency to non- 
faceted crystal growth, while higher a values imply that faceted 
growth forms will be produced.
For 'non-faceted* growth morphology typical of a metal, it can be 
assumed that the interface transfer step in growth is extremely rapid.
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occurring with virtually no thermal activation (Turnbull 1987).
Cahn (1960) and Cahn et al (1964) envisaged an interface as a gradual 
transition between the liquid and solid phases. The number of atom 
layers constituting the interface was related to a 'diffuseness 
parameter' g. The mode of interface motion was shown to be dependent 
upon the 'driving force' for transformation (which was proportional to 
the undercooling below the equilibrium melting point) and also the 
'diffuseness' of the interface. A transition from lateral to 
continuous growth occurs at a certain undercooling, the level of 
undercooling decreasing with increasing 'diffuseness' of the interface 
(i.e. decreasing g).
For solidification of metals, particularly at the larger undercoolings 
expected in rapid solidification, the growth is expected to be 
continuous. The kinetics associated with such a mechanism are
V = AT* 2,4.2
where AT4 is the interfacial undercooling and is a constant,
Peteves and Abbaschian (1987). The maximum velocity for collision 
limited growth is 3-5 km s-1 (Turnbull 1987). However at very high 
undercoolings there is a large deviation from this equation due to 
atomic mobility decreasing to a point where the interface velocity may 
start to decrease with increased undercooling, Levi (1989).
Expressions like eq, 2.4.2 have been used in studying growth during 
rapid solidification e.g. Clyne (1984), Levi and Mehrabian (1982).
This is valid if the interface is planar and the kinetics are 
controlled by interface attachment (Boettinger and Coriell 1986). If
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solutal controlled then such an equation is not valid.
The latter case may occur if the melt is alloyed. Impurity 
redistribution, either by partitioning between the melt and crystal or 
by local reordering without partition, may be a thermodynamic 
requirement for the advance of the crystallisation front. Under these 
conditions the upper limiting interface velocity is DL/a, where DL is 
the liquid diffusivity of the solute and a is the interatomic 
distance. For Du typical of liquid metals (2. 5xl0~3 m2 s_1> and 
a = SxlO-10 m, this velocity is ~5 m s-1. Since impurity transport in 
the melt is thermally activated, the interface movement may even 
become quench suppressible and glass formation can occur (Turnbull
1987).
When the substance exhibits the faceted mode of growth typical of non- 
metals or intermetallic compounds, a large kinetic term may be 
involved though it is by no means certain that this term will dominate 
the growth process (Kurz and Fisher 1984). However if the growth of 
one phase is sluggish due to the difficulties of interface attachment, 
it is possible that following nucleation of two phases from the melt, 
one phase may grow so much more quickly that it will dominate the 
microstructure.
2.4.2 Interface morphology
The interface morphology is dependent on the growth velocity. At low 
growth velocities the solidification front is planar (up to the limit 
predicted by constitutional undercooling theory, see below), the front 
then breaks down into cells, then into dendrites and cells appear 
again (the scale continually becoming finer) until at a high growth
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Figure 2.4.2. Solute redistribution and solubility extension are 
discussed in section 2.4.3 and 2.4.4. It should be noted that 
constitutional undercooling normally requires controlled 
unidirectional solidification (even for quite dilute alloys) and does 
not normally lead to solid solubility extension (see section 2.4.3). 
Morphological stability however occurs at a high growth velocity and 
may lead to solid solubility extension. At very high growth velocities 
solute trapping will occur ensuring solid solubility. This is also 
discussed below.
(i) Constitutional Undercooling.
Interface stability theory is of interest because during planar growth 
solidification occurs with no lateral microsegregation. For most 
solidification processes at low growth rates the theory of 
constitutional undercooling (Tiller et al 1953) has been an adequate 
guideline in determining the conditions that result in the liquid 
layer ahead of the S/L interface becoming undercooled (due to the 
rejection of solute by the growing interface) and the interface 
becoming unstable with respect to the formation of cells or dendrites 
that protrude in it. The stability parameter is the ratio of the 
temperature gradient Gu in the liquid ahead of the moving interface to 
the interface growth rate V.
Gl_/V = -uIl. cL (1-k*) / ke Dl. 2.4.3
where m,_ is the liquidus slope, k& is the equilibrium partition 
coefficient, D,_ is the liquid diffusivity of the solute at the 
temperature of solidification, cL. is the concentration of solute and V 
is the velocity of the solidification front. Greater stability is
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is not predicted to have a planar solidification front even at very 
low velocities.
ii Cellular and dendritic growth
When the interface is unstable, cells and dendrites grow and 
microsegregation occurs. At low growth rates, exceeding the 
constitutional undercooling velocity, cells develop? these are taken 
over by dendrites at higher rates and as the absolute stability regime 
is approached the cells return. The cellular structures occurring at 
high rates differ geometrically very little from the cells observed at 
slow growth rates except for their scale. However the details of the 
microsegregation profile within the cells, the volume fraction of 
intercellular material and the nature of the phases formed in the 
intercellular regions may differ from those found in the slowly cooled 
alloy melts (Bendersky and Boettinger 1985, see section 2.4.4).
Growth will be considered in two different heat flow conditions.
a) The situation in which the heat flow is opposite to the growth 
direction ie directional or columnar solidification.
In pure metals a planar front is stable at all velocities but in alloy 
solidification at a certain rate of advance the front will become 
unstable and the isotherms will constrain the dendrites to grow at a 
given velocity and force them to adopt the corresponding tip 
undercooling. The grain boundaries are parallel to the primary 
dendrite axes and are continuous along the length of the solid. Each 
dendrite forms low angle boundaries with its neighbours and many 
trunks, formed by repeated branching together make up one grain.
b) When the heat flows from the crystal to the melt (ie equiaxed
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The dendrites will grow freely in both pure metals and alloys as 
rapidly as the undercooling permits. The dendrites grow in a radial 
fashion until they impinge upon dendrites originating from other 
nuclei. Each dendrite forms a grain and thus the primary spacing is 
equal to the grain diameter.
Figure 2. 4. 3 shows the microstructure typical of casting in a chill 
mould. Initial competition of crystals nucleated at random at the 
mould wall, and their growth into the liquid, leads to grain 
selection. The transition from columnar to equiaxed growth occurs when 
the melt has lost its superheat, becoming slightly undercooled, and 
detached dendrite arms growing in the melt form a barrier ahead of the 
columnar zone.
The growth rate, as well as the dendrite morphology or spacing, is 
largely dependent upon the behaviour of the tip region. During growth 
of the tip, either heat (in the case of pure metals) or heat and 
solute (in alloys) are rejected. These diffusion processes are driven 
by gradients in the liquid which are due to differences in temperature 
(ATt) and concentration (ATC) ahead of the growing crystal. The 
concentration difference can be converted into a liquidus temperature 
difference via the phase diagram. After adding the temperature 
difference caused by the curvature of the tip (AT^), the coupling 
condition can be written
ATi = AT^ + ATr + ATC
At very high growth rates a further term may be added for the kinetic 
undercooling. However this term can be neglected if local equilibrium
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always less than the bulk undercooling, though the difference may be 
small if growth is restricted by solute redistribution (Peteves and 
Abbaschian 1987).
The case of directional growth has been treated by many workers, 
e.g. Trivedi (1980) and Kurz and Fisher (1981). The heat generated at 
the growing interface is assumed to be conducted away into the solid 
due to the imposed temperature gradient. The tip undercooling is thus 
essentially determined by the solute flux around the tip which in turn 
is created by the moving isotherms thus forcing the tips to grow at a 
given rate into the liquid.
In free dendritic growth into an undercooled melt the remaining melt 
will act as a sink for both the heat and solute rejected from the 
advancing interface. Gradients of temperature and concentration will 
be established ahead of the interface, both negative (ie decreasing 
into the melt). Heat and solute thus flow parallel to the growth 
direction. The system is completely self organising, with the only 
external constraint being the initial undercooling AT. This means the 
system itself establishes all internal parameters such as growth 
velocity, dendrite tip radius, gradients of temperature and 
concentration, temperature of the interface, or composition of the 
crystal formed. This is expected to be the initial form of growth in 
many RS processes.
Present theories of free dendritic growth consist of two parts,
a) First a simultaneous solution is sought of the mass and heat 
transport equations to find the thermal and solutal fields at the tip 
of a growing dendrite. This results in a steady state description of
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velocity (V), and the undercooling (AT). A steady state solution for 
the thermal field around a tip in the form of a paraboloid of 
rotational symmetry was first presented by Ivantsov (1947). This 
solution to the thermal field was improved by several workers (Temkin 
1960, Horvay and Cahn 1961, Bolling and Tiller 1961, and Nash and 
Glicksman 1974).
An extension of these theoretical approaches to the solidification of 
alloys has to include the mass transport process in addition to the 
heat transport considered so far. Such a theory was presented by 
Lipton, Glicksman and Kurz (1984) based on some earlier ideas (Trivedi 
and Tiller 1968, Nash and Glicksman 1974).
b) The solutions of the thermal and solutal fields in the vicinity of
a dendrite tip are represented as functions of the respective Peclet 
numbers which are defined as ratios of the tip radius to the thermal 
or solutal diffusion lengths, respectively. Both these diffusion 
lengths are inversely proportional to the growth velocity so the heat 
and mass transport fields are determined by the product VR. No unique 
relationship can therefore be derived for either V or R with respect
to AT. Thus many solutions are possible for dendritic growth either
with low velocity and large radius or high velocity and small 
dimensions, with a lower limit to the curvature given by the critical 
radius for nucleation. It is then required to define the 'operating 
point', a unique relation between the undercooling and, for example, 
velocity.
For some time it was believed that the fastest growing dendrite would 
dominate steady state growth, so the maximum of the V (R) curve was
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unrealistic from careful experiments by Glicksman et al (1976) where 
growth velocity and tip radius were observed simultaneously for 
dendritic solidification in a well characterised model substance.
Langer and Muller-Krumbhaar (1978) pointed out that consideration of 
the morphological stability of the dendrite tip (see next sub-section) 
leads to an additional condition defining an operating point 
compatible with experimental findings. This criterion was then 
expanded to include both the thermal and solutal gradients in an 
approximation valid for small Peclet numbers which led to a first 
theoretical description of free dendritic growth in alloysJlipton, 
Glicksman and Kurz (1984). Recently this theory was improved to 
include solutal Peclet numbers close to unity, i. e. high growth rates 
(Boettinger and Coriell 1986). Lipton, Kurz and Trivedi (1987) have 
presented a general solution with no restrictions in either the 
chemical or thermal case. This is fairly complex but generally leads 
to a relationship of the form
V = B AT**3 2. 4. 4
B and b are material and model specific parameters with b = 2-3
(though increasing rapidly as AT* becomes very large^ For concentrated 
alloys vjpre growth is slow due to the difficulty of solute 
distribution AT.a can be approximated to the bulk undercooling 
(Boettinger and Coriell 1986). This is the case for alloys with a 
large freezing range, e.g. Al-Fe, but is not the case for alloys with
small freezing ranges which are under thermal rather than solutal
control, e.g. Al-Cr. However for alloys under solutal control with a 
dendritic, cellular or eutectic interface such a relationship should
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and the growth rate (Boettinger and Perepezko 1985).
The short paraboloid tip region often constitutes less than 1% of the 
length of the whole dendrite, perturbations appear on the initially 
smooth needle as in the case of the breakdown of a planar interface. 
These perturbations grow and form branches which are perpendicular to 
the trunk. When the tips of the branches encounter the diffusion field 
of the branches of the neighbouring dendrite they will stop growing 
and begin to ripen and thicken. The primary arm spacing is an 
important characteristic of columnar dendrites and has a marked effect 
on the mechanical properties and it is this rather than the dendrite 
tip radius that is of practical interest. The tip radius is virtually 
impossible to measure directly.
The final value of the secondary dendrite arm spacing is largely 
determined by the contact time between the branches and the liquid, 
the local solidification time. Accordingly the faster the cooling' rate 
during solidification the less time is available for such coarsening 
and the finer will be the resulting arm spacing (Cohen and Flemings
1985). However even at 10s K s-'* ripening increases the secondary 
dendrite arm spacing by an order of magnitude (Trivedi and Somboonsuk 
1984). During ripening smaller (higher curvature) features disappear 
and ’feed' the growth of the already larger features. This process is 
analogous to Ostwald ripening of precipitates (see section 2.2.2). The 
local spacing is doubled each time that a thin secondary arm melts.
The ripening process is driven by the difference in chemical potential 
of two crystals with different interfacial energies (ie different 
curvatures). The spacing of the branches is proportional to the cube
- 87 -
1984).
(iii) Microsegregation free crystalline alloys.
At high growth rates two mechanisms can produce microsegregation free 
crystalline alloys. These are <i) planar growth and (ii) partitionless 
solidification. For growth at high rates, but still with equilibrium 
partitioning of solute, capillary phenomena can stabilise a planar S/L 
interface (morphological stability). Also at high growth rates, 
partitionless solidification arises due to the trapping of solute by 
the moving interface (solute trapping).
Morphological Stability Theory. In constitutional undercooling theory 
(subsection i) only the thermodynamic stability of the phase ahead of 
the interface is considered. However it is expected that the formation 
of perturbations in the planar front will be inhibited by the effect 
of surface tension, figure 2.4.4. If the distorted interface is 
unstable (figure 2.4.4 a) the projections into the liquid may find it 
advantageous to grow, if it is stable the perturbation will die away 
(figure 2.4.4 b). Constitutional undercooling theory does not give any 
indication of the scale of the perturbations which will develop if the 
interface becomes unstable.
Absolute stability of a planar interface occurs because of the 
influence of capillary phenomena. At high solidification rates there 
is only limited time available so lateral solute segregation in the 
liquid can only occur for perturbations of the S/L interface with very 
short wavelengths. These short wavelengths require a considerable 
increase in interfacial area. Thus the perturbations are retarded by 
capillarity forces and the interface is stable.
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and Sekerka (1965, 1967) who examined the time dependence of the 
amplitude of a sinusoidal protrusion (of infinitesimal initial 
amplitude) introduced into an otherwise planar surface. At low growth 
velocities the stability criterion is:
[Gi_/V + H./2K,.] i [-m_ Ci_ (l-k„> (Ks+K,.) S]/[k= DL 2 K j  2.4.5
where H is the latent heat of solidification of the solvent per unit 
volume, Ks and Kl. are the thermal conductivities of the solid and 
liquid respectively and S is a dimensionless stability function which 
is proportional to V.
Eq. 2.4.4 becomes identical to eq. 2.4.3 as the quantitiesH./2KL, 
(Ks+Kl )/2Kl and S tend respectively to 0, 1 and 1. However, the 
parameter S differs appreciably from unity at higher growth rates 
(approaching zero as a lower limit) and thus stability is also 
predicted at high growth rates (high V), as well as high G and low V. 
Stability is predicted to occur at high front velocities when the 
inability of a solidification front to sustain the high tip curvatures 
of the increasingly fine cellular structure that forms at increasingly 
high V, restabilises a planar front, i.e. when
[Cke* T„ ^.V3/C (k„-l) rtL cL Du H.3 ] ) 1 2.4.6
where is the absolute melting temperature and .^JLs the solid-liquid 
interfacial energy. At this limit, absolute stability occurs at a 
velocity, V^ t., given by
= (ml_ D,_ (1-kg.) Cj_) t ((ke)2 x D  2.4.7
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temperature dependant and in addition k^ , depends on front velocity 
(Jackson et al 1980, Aziz 1982, see the next subsection, Solute 
trapping).
Thus, the morphological stability theory predicts solidification with 
a planar interface both at low growth velocities and also at very high 
velocities, with cellular or dendritic growth occurring at 
intermediate velocities (figure 2.4.3). The absolute stability is 
governed by capillary destabilisation of the short-wavelength 
perturbations that are important at high growth rates. It is 
associated with an undercooling such that solidification occurs below 
the T0 temperature required thermodynamically for diffusionless 
solidification (Midson and Jones 1981).
The employment of traversing electron beam or laser surface melting to 
generate rapidly solidified microstructures under known conditions of 
high front velocity (approaching 1 m/s) has allowed comparison with 
theoretical predictions (Schaeffer et al 1982, Boettinger et al 1984b, 
Juarez-Islas et al 1988, Gremaud et al 1988). Boettinger and Coriell
(1986) studied two alloys of the Ag-Cu system rapidly solidified by 
electron beam surface melting. The transition from cellular to a 
microsegregation free structure occurred at high growth rates which 
are a factor of 2 less than the theoretical predictions. A recent 
study of the planar/cellular transition in Al-Mn alloys (Juarez-Islas 
et al 1988) did not shown such good agreement with a critical velocity 
3 to 7 times larger than theoretical predictions. However such 
agreement is considered reasonable in view of the imprecise knowledge 
of the parameters required by the stability theory.
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predict the conditions required to achieve diffusionless 
solidification are:
(a) Values of D,_ (and D  are required at some temperature below the 
solidus whereas measurements, if available, inevitably tend to be for 
superheated melts (Midson and Jones 1981).
(b) Values of m^ and k& have to be extrapolated by large amounts from 
the measured data. However, there is not such a problem for peritectic 
systems where the a-Al liquidus and solidus are expected to increase 
steadily with increasing solute content (Midson and Jones 1981).
(c) Very low concentrations of some elements are predicted to 
destabilise the solidification front and thus care must be taken about 
the purity of alloys used to check the theoretical predictions 
(Schaeffer et al 1982).
(d) Equilibrium partitioning is assumed at the interface and care
should be taken that this assumption is valid as stability is
predicted to occur in some metal system only at very high growth 
rates.
(e) The solidification front can only be planar by this mechanism if 
the net heat flow is into the solid (Boettinger 1982). However the 
original morphological stability theory has been extended to include 
solute trapping and interface stability in undercooled melts of pure
metals (Coriell and Sekerka 1983, Trivedi and Kurz 1986). It is anyway
expected that the cell size produced by high velocity growth into an 
undercooled liquid will be very small and no lateral solute 
distribution can occur.
Solute trapping.
At high growth rates and high undercoolings a situation can arise 
where the chemical potentials of solid are not equal across the
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solute can be trapped in the solid at a composition higher than the 
equilibrium value corresponding to the liquid composition present at 
the interface. This increase in chemical potential of the solute 
across the interface must be balanced by a decrease in chemical 
potential of the solvent for solidification to occur. To achieve this 
the interface temperature must lie below the liquidus temperature. In 
the limit of partitionless solidification, ie solidification where the 
solid is of the same composition as the liquid at the interface, there 
exists a thermodynamic temperature which is the highest temperature at 
which partitionless solidification can occur. This is known as the Tc. 
temperature and is the temperature at which the molar free energies of 
the liquid and the solid are equal for the given composition. The 
locus of the T0 points over a range of compositions gives the T0 
curve.
The Tc, curve always lies between the liquidus and the solidus. Alloys 
with only slightly depressed T0 curves are good candidates for solid 
solubility extension (see section 2.4.3).
However partionless solidification is not guaranteed by undercooling 
below the Tc. temperature alone as the heat released during 
solidification may raise the interfacial temperature to the point 
where the interfacial velocity is not fast enough to prevent 
compositional partitioning. Therefore, massive partitionless 
solidification requires both a thermodynamic condition, the 
undercooling below T0, and a kinetic condition, maintaining an 
interfacial velocity greater than the diffusive velocity, (ie solute 
trapping), Cohen and Flemings (1985).
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(1969) to explain the formation of a solid solution containing a 
higher Cd concentration than the retrograde liquidus in splat quenched 
Zn-Cd. This solid solution implied that local interfacial equilibrium 
was not occurring at the solidification front. The basis of the 
mechanism is that while solvent atoms can transfer from liquid to 
solid by making only small shifts in position and bonding, solute 
atoms would need to diffuse long distances to avoid being engulfed by 
the rapidly moving solidification front. The diffusive speed is 
usually given as D,_/ac. where Du is the liquid diffusivity of the 
solute and a0 is the interatomic distance. This gives a diffusive 
speed of ~5 m s-1, (Boettinger et al 1986). At solidification front 
velocities lower than ~5 m s-1 local interfacial equilibrium occurs. 
Baeri et al (1981) have verified this mechanism for semiconductor 
systems. The partition coefficient moves from its equilibrium value 
towards unity over a relatively narrow range of front velocities, see 
section 2. 4. 4.
For very dilute alloys the absolute stability velocity, V-**-., can occur 
before the velocity required for solute trapping, V*. However as the 
concentration of the alloy is increased solute trapping may occur 
before absolute stability, Jones (1989). The critical concentration, 
C0CRIT, at which Vab = V*, given by
CcCRIT = ke2r/mL (l-ke)a0 2.4.8
beyond which solute trapping will determine the onset of formation of 
segregation free solid. Boettinger et al (1984) first introduced this 
concept of a transition of control from absolute stability to solute 
trapping to account for their results for Ag-Cu obtained by electron
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equation 2.4.8 predicts C0CRIT = 13wt% Cu in good agreement with the 
experimental results. For Fe in Al C0CRIT is 0. 08wt% but for Mn and Cr 
in Al coCR1T is > 100% and thus absolute stability is always predicted 
to occur first. A segregation free solid is therefore much more easily 
produced in Al-Cr or Al-Mn than in Al-Fe. It is interesting to note 
that a segregation free solid has rarely been observed in the widely 
studied Al-Fe system, Boettinger et al (1986).
2.4.3 Solid Solubility Extension
For a continuous substitutional solid solution to exist at equilibrium 
in a system there must be little difference in the atomic diameters, 
the electronegativity and the valency of the solvent and solute, 
(Hume-Rothery 1955). The other condition is that both elements must 
have the same crystal structure.
It was the fact that some systems, which apparently agree to the Hume- 
Rothery empirical rules, do not exhibit continuous solid solubility, 
which led Duwez et al (1960) to experiment under RS conditions. It was 
found that the Ag-Cu system gave a continuous solid solution when 
splat quenched. If the Hume-Rothery rules are not satisfied then a 
continuous solid solution is not predicted. However terminal extension 
beyond the equilibrium solid solubility maximum may occur and has been 
observed in a large number of systems under RS conditions. A thorough 
review of this work has been published by Jones (1982a).
Terminal extension of solid solubility has been observed in aluminium 
systems upon rapid solidification conditions (figure 2.4.5), Al-Zn 
being the only notable exception, with a very high maximum solubility 
already at equilibrium (66at% Zn). For aluminium-transition metal
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at%), extensions of up to a hundred times have been achieved (Midson 
and Jones 1981).
In order to achieve solid solubility extension the formation of any 
intermetallic phase from the melt must be suppressed before the 
undercooling necessary for nucleation and growth of the solid solution 
is reached. For example in a dilute Al-Cr alloy the Al13Cr2 
intermetallic phase must be suppressed so the a-Al liquidus can be 
reached.
The morphological stability theory of Mullins and Sekerka (1963), see 
section 2.4.2, has been considered as a criterion for the transition 
from segregated cellular solidification to stable planar interfaces, 
thus eliminating lateral segregationBoettinger (1982). Rejection of 
solute normal to the interface (if k0< 1) however, can still occur and 
so dif'fusionless solidification is not necessarily achieved.
2.4.4 Solute Redistribution
As solidification progresses either solvent or solute atoms are 
rejected into the liquid depending on whether the system exhibits a 
peritectic or a eutectic point. The solute distribution in the solid 
also depends on the processes which occur after partitioning, e.g. the 
rate of mixing of the rejected atoms with the rest of the liquid as 
solidification progresses and the rate of diffusion in the solid.
These possible effects are considered below.
Steady state planar front solidification is considered first. The 
solute concentration is considered uniform at any cross-section
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all conditions.
(i> Equilibrium Solidification.
If the interface advances at a very slow rate it may be possible for 
diffusion in the solid to entirely remove any concentration gradients 
in the solid. There will be complete mixing in the liquid and 
solidification will proceed as determined by the phase diagram. The 
concentration throughout the whole of the solid is always in 
equilibrium with the concentration throughout the whole of the liquid, 
resulting in a completely homogeneous solid of composition CCl, the 
average starting composition of the system.
These conditions are not usually approached in practise as the rates 
of substitutional diffusion in the solid state are too slow.
(ii) Negligible diffusion in the solid, mixing by diffusion only in 
the liquid.
Tiller et al (1953) investigated solidification under these 
circumstances using a constant value of equilibrium partition 
coefficient. The initial solid formed will be of composition kecL but 
as the crystal grows, the liquid at the interface will become enriched 
(if k^<l) due to the rejection of solute and thus, the concentration 
of the solid will increase. A steady state will be achieved when the 
composition of the solid reaches cL. The enriched liquid layer finally 
impinges on the end of the crucible giving a short increase in solute.
(iii) Negligible diffusion in the solid, partial or complete mixing in 
the liquid.
Scheil (1942) showed that the composition of the solid varies as:
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C s = k e cL (l-f„> 2. 4. 9
where is the fraction already solidified.
The Scheil analysis can be applied to dendrites or cells growing at 
the liquidus temperature in contact with the liquid of composition c,_ 
provided there is no appreciable solute diffusion radially at the tip 
or parallel to the dendrite stalks behind the tip, Sarreal and 
Abbaschian (1986). However in RS processing this may not be the case 
and significant tip undercooling may occur to the point where solute 
trapping may occur. The second phase (if k<l> is expected to be 
reduced with increased solidification front velocity.
The shape of the solute profiles in cellular solidification at higher 
solidification front velocities has been found not to show the 
characteristic "U"-shaped solute profile expected from the Scheil 
analysis. The assumption of no lateral concentration gradients in the 
liquid between solidifying cells is only valid if the cell spacing, X, 
is much less than DL/V (Boettinger and Perepezko 1985). Cell shapes 
and corresponding solute profiles have been studied by McFadden and 
Coriell (1984), Bendersky and Boettinger (1985) and Giovanola and Kurz
(1987).
During growth at the absolute stability velocity partitioning normal 
to the interface can still occur though at such high velocities the 
solid forming may be of the same composition as the bulk liquid. This 
is because a steady-state solute-rich layer builds up in front of the 
growing interface. In absence of significant convection, this moving 
layer or 'compositional spike' has a thickness of Dl./V (Cohen and 
Flemings 1985). Such a layer has been observed by Levi and Mehrabian
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the morphologically stable front.
Hall (1952) was the first to observe a variation in the interface 
partition coefficient with growth rate in experiments with interface 
velocities up to 0.06mm s-1. Several theoretical models have since 
been presented to account for the phenomenon, e.g. Hillert and Sundman 
(1977), Jackson et al (1980), Wood (1980), Baker (as reported in Cahn 
et al 1980) and Aziz (1982,1983).
The Aziz model predicts that as the interface velocity, V, approaches 
the diffusive velocity of the solute atoms, D^ /a,-, the solute-solvent
redistribution becomes limited. For continuous growth the partition
coefficient, k, then changes according to
k = [k. + (a0V/D,_)] / [l + (a0V/D,_)] 2.4.10
where ke is the equilibrium partition coefficient.
2.5 Consolidation of RS aluminium alloy particulate 
2.5.1 Introduction
Successful consolidation of aluminium alloy particulate requires a 
technique which ruptures the oxide layer that is always present on the 
surface so that a metal to metal bond can be formed. This requires a 
process with a large amount of shear, i.e. a process where the 
material is deformed during consolidation e.g. hot or cold extrusion, 
continuous extrusion ('Conform'), powder rolling, cold or hot forging 
and dynamic compaction. Techniques with little or no bulk deformation
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suitable.
The surface oxide of aluminium is hygroscopic and if exposed to air 
will absorb moisture. If this moisture is incorporated into the final 
consolidated product it may react at elevated temperatures to produce 
porosity. It is therefore usual to degas aluminium particulate prior 
to consolidation.
Hot extrusion is probably the most popular consolidation method for 
aluminium particulate. However it requires the powder to be heated to 
the extrusion temperature prior to processing and the total thermal 
treatment can be quite severe. This can adversely affect the 
microstructure and the final properties of the consolidated material. 
In comparison continuous extrusion (Conform) requires no heating prior 
to processing and has recently been developed to accept fine powder 
stock. The atomised powder produced for this work has been 
consolidated by both these techniques and a comparison has been made 
of the mechanical properties (see below).
2. 5. 2 Degassing
The nature and thickness of the oxide present on the surface of 
aluminium particulate depends principally upon the oxidising 
conditions in the processing environment, the alloy composition and 
the post-production storage conditions. In RS materials the surface 
area-to-volume ratio can be particularly high and thus quite a large 
volume of oxide can be present. This oxide is not dissolved into the 
bulk material at elevated temperatures and is incorporated into the 
final material during subsequent consolidation. The consolidation 
process must break up the oxide to expose fresh metal surfaces for
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homogeneously on a fine scale so as not to adversely affect mechanical 
properties (Kang and Grant 1984, Hirose and Fine 1983).
The amount of oxide could be reduced by producing coarser particulate 
though this is generally unsatisfactory as it reduces the RS effects. 
The other alternative is to reduce the oxygen present when the 
particulate is produced even though at very low partial pressures of 
oxygen it is inevitable that an oxide will be formed (Darken and Gurry 
1953). In atomised powder the oxide layer thickness may vary from 200A 
to 10A depending on the atomising gas, the solidification rate, the 
alloying elements present and the powder handling/storage conditions. 
Generally inert gas atomisation and inert gas storage of the powder 
results in a thinner oxide layer (Carney et al 1989b).
Inert gas handling and storage of the powder is particularly important 
because if left exposed to the atmosphere the oxide will absorb 
moisture from the environment (Kim et al 1983). If such exposure 
cannot be avoided then it is usual to degas the powder at an elevated 
temperature, usually in vacuum, to remove the physisorbed H20 and 
hydroxides from the surface oxide layer prior to consolidation. If the 
exposed powder is not degassed prior to consolidation then later 
elevated temperature exposure may lead to gas evolution and porosity 
with a detrimental effect on the mechanical properties and surface 
finish (Pickens 1981). It is therefore generally accepted that a 
controlled degassing operation is beneficial though it is relatively 
difficult to conclusively relate poor properties to poor degassing 
(Raybould and Cline 1985).
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increasing degassing temperatures.
A1203. 3H20 -> A1203 + 3H-,0 (a)
A1203. 3H^0 ^ A1s03. H20 + 2H20 (b)
2A1 + 6HS0 -4 A1203. 3H20 + 3H2; (c)
Als.O3.H2O -» AI2O3 + H20 (d>
2A1 + 3H20 4 Al20b + 3H; (e)
AI2O3 -» 'y-Al^ O.g (f)
At low temperatures (up to ~300°C) either evaporated or decomposed 
water vapour is the predominant outgassed species (Kim et al 1985). At 
higher temperatures there is a reaction between aluminium and water 
which results in the evolution of hydrogen.
Degassing procedures have been described by several authors (Pickens 
1981, Billman et al 1982). A can of aluminium or other material fitted 
with an evacuation tube is filled with either loose powder or a cold 
compacted billet. The can is then heated in a vacuum for a 
predetermined time. Following degassing the evacuation tube is sealed 
by welding or mechanical crimping to maintain the powder under vacuum 
until consolidation. After consolidation the can is removed from the 
extrudate. Generally degassing is performed at a vacuum of better than 
10"3 torr and at a temperature at least as high as any temperature to 
be achieved during either consolidation, forming or subsequent service 
(Raybould and Cline 1985). The time-temperature treatment for 
degassing must be optimised as high temperatures or prolonged times 
adversely effect the RS microstructure.
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During extrusion a metal billet is deformed to a smaller cross 
sectional area by pushing it through an orifice of particular shape 
and size. The ratio of the cross-sectional area of the billet to that
of the extrudate is called the extrusion ratio. As discussed in the
previous section aluminium alloy powders require extensive 
interparticle shear forces to break up the oxide film. If the shear 
forces are insufficient then thin areas of oxide, known as oxide 
stringers, will remain stretched over the powder particle surfaces. To 
avoid continuous stringers the prior particle boundary (PPB) area must 
be greatly increased. Kim et al (1985) have defined a critical 
extrusion parameter, Rs, which for extrusion is given by
Rs = 0.4 [ (ER. AR)°- s + ((ER/AR) +(1/ER))°-B] (2.5.1)
where ER is the extrusion ratio and AR is the aspect ratio of the 
extruded bar cross-sections. As Rs is increased the oxide is dispersed 
over a wider area and when Rs > 4 the material flow becomes turbulent. 
PPBs are then essentially eliminated and the oxide is distributed
uniformly. This critical Rs value can be obtained by (for example)
extrusion at ER = 15:1 for rectangular bars with AR=5: 1 or at 
ER = 24: 1 for round or square (AR = 1:1) bars.
The main techniques for extruding metallic powders are:
a) loose powder in extrusion container -> extrude
b) cold compaction -» extrude
c) loose powder -) can -» degas -» extrude
d) cold compaction can -» degas -> extrude
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then techniques c or d which include a canning stage are required. 
After extrusion the cladded surface layer of the can must be machined 
off or removed by soaking in a pickling bath. This step and the 
manufacture of the can in the first place add to the overall costs. 
These must be weighed against the fact that the final product is 
thoroughly degassed, there is no oxidation of the powder during 
heating to the extrusion temperature and a lubricant may be used to 
reduce friction inside the extrusion chamber without its incorporation 
into the powder.
Traditionally method d, with a cold compaction stage that gives a 
compact that is amenable to handling has been favoured, but it is 
increasingly common for the direct canning method c to be used. This 
has the advantage that the loose powder degasses readily and the cold 
compaction stage is avoided.
During extrusion of the canned powder the load initially increases 
non-linearly with ram displacement as the powder rearranges in the can 
and is compacted to full density. The load then increases 
approximately linearly up to a maximum. This peak load is associated 
with the excess energy required to establish a deformation zone by the 
generation, migration and annihilation of dislocations and may be 50% 
larger than the later steady-state value. This markedly reduces the 
extrusion range for a specific press capacity (Marshall et al 1986b). 
Once the deformation zone is established the load decreases to a 
steady state value which then remains approximately constant 
throughout the remainder of the extrusion as the rates of dislocation 
generation and annihilation become equal. The consolidation occurs in 
this quasi-static deformation zone. The load required to maintain the
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deformation zone plus the load required to overcome friction between 
the billet surface and the container. Lubrication of the can reduces 
this latter load.
Aluminium alloys generally soften by dynamic recovery during extrusion 
(Raybould and Sheppard 1973, Castle and Sheppard 1976, McShane and 
Sheppard 1984, Marshall et al 1986b). Atomic planes slip over each 
other assisted by dislocations whilst the atomic bonds are 
individually broken and new bonds formed. Dislocation movement is 
relatively easy in aluminium as it has a high stacking fault energy. 
Vacancies exist in large numbers at high temperatures and these 
diffuse to dislocations, causing them to climb. This mobility allows 
intersecting dislocations to move away from each other arranging 
themselves in walls which are roughly equispaced. The final structure 
consists of subgrains (Sheppard 1981). The size of these subgrains is 
important as it effects the properties of the as-extruded material and 
its reaction to further processing. The subgrain size is related to 
the applied stress and may be controlled by adjustment of the strain 
rate (ram speed) and the temperature.
As well as the ram speed and the extrusion temperature the other 
process variable for extrusion is the extrusion ratio. This is 
normally determined by the requirements for oxide breakup. The lower 
temperature limit is determined by the press capacity whilst the 
higher limit is governed by the extrudate surface degeneration (due to 
hot tearing or incipient melting). Generally for the consolidation of 
RS material the temperature should be minimised to prevent over-ageing 
of the microstructure. The ram speed is also kept low so that heating 
at the extrusion die is minimised.
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extrusion to a minimum with short, rapid heating (often induction 
heating is used). Marshall et al (1986a) have shown that for 
Al-Cr-Zr-Mn powder hydrostatic (cold) extrusion (in which the only 
heat treatment is at the die during the deformation) produces much 
better product than traditional extrusion with a long preheat prior to 
extrusion.
Unfortunately the limited power of traditional presses can also lead 
to too high a temperature being used for consolidation leading to poor 
properties (Zaidi et al 1985). Their size also severely limits the 
maximum diameter of extruded that can be produced and lack of 
facilities are limiting the production of large particulate billets, 
Grant (1985).
2. 5. 4 Conform
The first paper on the 'Conform' process, Green (1972), referred to 
the possibility of using particulate feed material, (powder or swarf) 
to give a continuous product. The initial Conform machine was designed 
to extrude wire from rod.
The machine consists of two basic elements (Fig. 2.5.1):
a) a rotating wheel with a circumferential groove.
b) a stationary shoe incorporating tooling which may penetrate into 
the groove and typically covers one quarter of the wheel
circumf erence.
The position of the tooling relative to the groove forms an extrusion 
chamber closed at one end by an abutment which penetrates into the 
groove. Feedstock is drawn into the chamber by frictional grip with
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groove surface to overcome the opposing frictional drag of the shoe 
tooling which is stationary and to generate the high pressures needed 
for extrusion through the die which may be located tangentially (in an 
abutment) or radially.
As material is fed into 'Conform1 it passes through three distinct 
stages (Pardoe 1980):
a) The primary grip zone, where with solid feed the frictional grip is 
established and the bulk material stress increases to the level of the 
material yield stress. In this zone particulate feed is carried 
forward consolidating until it begins to fill the groove cross- 
section.
b) The extrusion grip zone over which full compaction takes place and 
in which the material flows to fill the groove cross-section 
completely. In this zone the bulk stress increases rapidly to many 
times the yield stress and may be as high as 1 GPa with some metals. 
This high pressure together with the associated temperature rise are 
the features which enable discrete particles of material to be 
pressure welded together.
c) Extrusion through the die into a continuous homogeneous product. 
Extrusion ratios may be as high as 100:1 with aluminium and other soft 
metals though it is possible to use expansion dies to extrude products 
larger than the cross-section of the groove. Expansion ratios up to 
12: 1 have been demonstrated. In this final working of the material 
through the die large scale plastic deformation is occurring together 
with a further rise in temperature (usually limited to 450°C with 
aluminium) which result in the production of a fully dense homogeneous 
product from a particulate feed.
-106-
and Al-Ci— Zr-Mn alloy systems.
In this section previous work on the systems of interest in this 
thesis will be reviewed.
2. 6. 1 The Al-Cr system
The Al-Cr phase diagram according to Saunders and Rivlin (1986) is 
shown in Figure 2. 6. 1. The intermetallic phases of interest in the 
present investigation are AlrCr (Al13Cr.2 see below) and AlinCr^.
The crystal structure and lattice parameters of Al-7Cr have been 
determined by several authors and are given in table 2.6.1.
Table 2. 6. 1.
Crystal Structure and Lattice Parameter of Al^Cr (after Mondolfo 1976)
Crystal
Structure
Parameters 
a b
(A)
c P Ref erence.
Orthorhombic 20. 30 35. 31 12. 75 Bradley and Lu (1937)
Monoclinic 20. 43 7. 62 25. 31 155°10' Hof mann and Wiehr 
(1941)
Orthorhombic 24. 8 24. 7 30. 2 Little (1951)
Monoclinic 25.196 7. 574 10.949 128°43' Cooper (1960)
Monoclinic 25.256 7. 582 10.955 128° 411 Ohnishi et al (1975)
Independent examinations of this phase by Cooper (1960) and Ohnishi et 
al (1975) both have confirmed the space group as monoclinic C2/m and 
the composition as 22. 6 wt% (13. 2 at%) Cr. This would make the phase 
nearer in composition to the empirical formula Al13Cr2;. It is this 
notation which is now most widely used in the literature to signify 
this phase and this will be used throughout the rest of this thesis.
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Ohnishi et al (1975) and 7 formula units by Cooper (1960).
Little (1951) examined the crystal structure and unit cell dimensions
of A1-, iCr-. and found it identical to his structure for Al-7Cr (i.e.,
orthorhombic). As the unit cell of Al^Cr^ contains more atoms than
that for Al^ -Cr, he concluded that the latter must contain vacant
lattice sites. However, Ohnishi et al (1975) determined the structure
of the phase to be raonoclinic P2 with lattice constants of a =
12.880A, b = 7.652A, c = 10. 639A and pl22°20'. These lattice constants
are almost the same as the constants for the Al13Cr2 phase for the b
and c axes and about half for the a axis, see table 2.6. 1. The
diffraction patterns of the two phases are therefore predicted to be
very similar. The composition of the phase was determined by Ohnishi
et al (1975) as 27. 4wt% (16.4at%) Cr. This corresponds to a
stoichiometry of AlsCr with the unit cell containing 8 formula units.
No further corroborating evidence for this phase has been reported.
Phe
AItiCt^ is^most widely accepted stoichiometry to signify this phase 
and it will be used throughout the rest of this thesis. The similarity 
in the X-ray diffraction patterns has probably led to some confusion 
in the literature when identifying observed phases.
The maximum equilibrium solid solubility is 0. 72 wt% (0.37 at%) Cr, 
Hansen (1958). Inoue et al (1987) have recently reported in melt spun 
ribbon in alloy compositions down to 9 wt%. Cr a metastable icosahedral 
phase, with approximately 15 at% Cr.
The reported extensions of solid solubility in the Al-Cr system 
achieved at various cooling rates are given in Table 2.6.2. As the 
alloys are quenched at higher cooling rates more chromium is kept in
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Table 2.6.2 Extensions of solid solubility of chromium in aluminium at 
various cooling rates (after Furrer and Warlimont 1971a,b)
Cr (at%) (wt%) Cooling Rate (Ks-11) Ref erence
0. 4 0. 8 175 Ichikawa et al (1971)
0. 8 1. 5 <103 Hofmann and Wiehr (1941)
1. 1 2. 1 600 Ichikawa and Ohashi (1971)
1. 5 2. 8 103 Ichikawa and Ohashi (1971)
2. 85 5. 3 3x10* Falkenhagen and Hofmann (1952)
3. 1 5. 7 5x10* Varich et al (1960)
3. 0 5. 6 10s Burov and Yakunin (1968)
4. 2 7. 8 10s Burov and Yakunin (1968)
5. 5 10. 1 107 Burov and Yakunin (1968)
>6 >11 10*-107 Bletry (1970)
Battaglin et al (1982) reported a solid solution with 7. 1 at% Cr 
produced by laser remelting and solidification of an ion implanted 
Al-Cr alloy. Furrer and Warlimont (1971) also claimed to have produced 
a solid solution containing 7 at% Cr on solidification but that it 
decomposed during solid state cooling.
Because of the sensitivity of the solid solubility extension on 
cooling rate in the 10s-10® K s-1 range different maxima of solubility 
extension have been reported for different RS techniques. Bendersky et 
al (1986) achieved 5 wt% Cr by melt spinning, Midson et al (1981) 7 
wt% Cr by twin piston quenching, Furrer and Warlimont (1977) 7 wt% Cr 
by splat quenching for a thickness of 50jim while higher values, up to 
11 wt% Cr, were achieved for very thin sections (e.g. of gun splat) 
Burov and Yakunin (1968), Furrer and Warlimont (1976,1977).
Reported second phase(s) beyond the extended limit are given in Table 
2.6.3. These results do not show a consistent trend, possibly due to 
difficulties in identifying the different intermetallics.
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the maximum solid solubility extension.
Cone. Cr Phase Cooling Super- Ref erence
<at%) (wt%) Rate (Ks~ 1) heat <°C>
1. 1 2. 1 Al7Cr <600 100 Ichikawa and Ohashi (1971)
1. 6 3. 0 Al-yCr <103 100 Ichikawa and Ohashi (1971)
1.8 3. 4 AlACr 10* slight Varich and Lyukevich (1970)
2. 3 4. 3 Al^Cr ? ~10* >100 Furrer and Warlimont (1977)
2. 5 4. 7 Al*Cr 10s slight Varich and Lyukevich (1970)
2. 7 5. 1 Al-7-Cr a' 106 Bendersky et al (1986)
2. 7 5. 1 Al^ -Cr 103-10* 100 Fridlyander et al (1972)
2. 7 5. 1 Al, ,Crs ? 103 Ichikawa and Ohashi (1971)
<3. 2 <6. 0 Al^Cr 5x10* Burov and Varich (1963)
8. 4 15. 0 I-phase +(?)1 10e Bendersky et al (1986)
11. 5 20. 0 I-phase 10s Bendersky et al (1986)
C?)1 Al^Cr, Al-,-,0rs or Al*Cr. I-phase is icosahedral quasicrystal
The temperature at which precipitation of second phase<s) occurred on 
heat treatment of Al-Cr solid solutions is given in Table 2. 6. 4.
Although there is some variation in the temperature-time treatments 
required to decompose the solid solution, all authors found no 
decomposition below ~300°C. Burov <1966) determined the activation 
energy for decomposition of the extended solid solutions (of up "to
1. 5at% Cr) to be 220kJ mol”1.. Furrer and Warlimont (1977) performed an 
in-situ heating experiment in the T. E. M. on the Al-1.2at%Cr alloy. At 
420°C they observed a coherent, possibly ordered, phase forming by 
homogeneous nucleation in the bulk, with precipitation of coarser 
particles at the grain boundaries. At 470°C, a heterogeneous 
distribution of plates and needles was observed.
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Cone. Cr Temp. Time Method of Ref erence
(at%> (wt%)(°C> (hrs) Detection
0. 24 0. 46 400 1 TEM Furrer and Warlimont (1977)
550 100
0. 3 0. 58 500 300 Resistivity Nagahama and Miki (1974a, b)
450 500
300 2 TEM
0. 6 1. 1 Dobatkin et al (1970)
450 2 Hardness
1. 0 1.9 -300 1 X-ray Ichikawa and Ohashi (1971)
I. 1 2. 0 450 6 TEM Bendersky et al (1986)
1. 2 2. 3 350 1 TEM Furrer and Warlimont (1977)
400 2
2. 2 4. 2 X-ray Falkenhagen and Hofmann (1952)
500 2
2. 3 4. 3 300 1 TEM Furrer and Warlimont (1977)
to CJl 4. 7 480 1 X-ray1 Midson et al (1981)
2. 7 5. 0 350 6 TEM Bendersky et al (1986)
3. 8 7. 1 460 1 X-ray1 Midson et al (1981)
1 Decomposition temperature, Tot defined as the temperature at which 
the lattice parameter has changed by Aa/2 where Aa is the difference 
in the lattice parameter between the as-quenched and limiting 
equilibrium solid solutions at temperature T0.
The yield strength of the Al-10 wt% Cr alloy atomised onto a rotating 
disc and extruded at 9: 1 ratio was measured by Lawrence and Foerster
(1970). Up to 360°C the material was found to possess a greater 
strength than extruded Al-8 wt% A1203, (the optimum high temperature 
aluminium material of the time). The thermal stability of atomised 
Al-2 wt% Cr alloy powder (sub-350p.m) consolidated by hot forging has 
been reported by Rostoker et al (1973). The hardness remained constant 
after 100 hours at 300°C.
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solid solutions produced by twin piston quenching and compared their 
results with those reported by other workers. The hardness was found 
to be dependent on the RS technique and increased for a particular 
technique with chromium concentration. The maximum hardness for an 
Al-Cr solid solution produced by twin piston quenching was 125 kg mm-2 
for the Al-7. lwt% Cr alloy.
2. 6. 2 The Al-Zr system
The Al-Zr phase diagram according to Saunders and Rivlin (1986) is 
given in figure 2.6.2. The tetragonal intermetallic phase, AlSIZr (a = 
4. 013A, c = 17.321A, space group D023, Braver 1934) is in equilibrium 
with the primary aluminium solid solution at the peritectic 
temperature. A metastable phase, also with the stoichiometry Al3Zr, 
having an ordered Ll;2 cubic structure <a= 4. 0731A), Ohashi and 
Ichikawa (1972), is the only other intermetallic of interest in the 
present investigation. The maximum equilibrium solid solubility is 
0.28 wt% (0.09 at%) Zr, Mondolfo (1976).
The minimum cooling rate required to form an extended Al-Zr solid 
solution was determined by Ichikawa et al (1971) as 190KS"1. The 
maximum extension of solid solubility of zirconium in aluminium of 
2.7 at% (8. 6wt%) has been reported by Sahin and Jones (1978). The 
latter also studied the precipitation sequence on thermal 
decomposition of the Al-Zr solid solution. The initial decomposition 
to the metastable Ll3-Al3Zr phase occurred by homogeneous modular 
separation in the more concentrated alloys and by the formation of 
coherent spherical particles in the more dilute alloys. This coherent 
precipitation has been considered responsible for the substantial age
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<1978), Hori et al (1973) and Dahl et al (1977b).
Following longer ageing treatments a fan-arrangement of the rod-shaped 
Ll2-Al3Zr particles was observed. Two mechanisms were suggested for 
their formation:
(i) the spherical particles line up in rows, coarsen in preferred
directions and join up to form rods, the driving force for the
reaction being the reduction in the strain energy (Izumi and 
Oelschlagel 1969) or
(ii) a discontinuous precipitation reaction occurring at high angle
boundaries (Nes and Ryum 1971, and Nes and Billdal 1977a,b).
When Al3Zr alloys were solidified at a rate insufficient to maintain 
all Zr in solid solution primary intermetallic particles were 
observed, Ohashi and Ichikawa (1972), Nes and Billdal (1977a,b), Dahl 
et al (1977a,b), Dumitrescu (1978) and Hori et al (1981). This phase 
is either the equilibrium tetragonal Al3Zr phase (slow cooling) or the 
metastable Lla-Al3Zr phase (more rapid quenching).
The metastable phase has a cubic or star-shaped growth morphology 
which consists of a fine, complex dendritic structure, often growing 
around a polyhedral initial form (Hori et al 1981). It is a potent 
nucleant for aluminium and can therefore act as a grain refiner, Dahl 
et al (1977a,b>, Dumitrescu (1978) and Hori et al (1981).
2.6.3 The Al-Mn system
The Al-Mn phase diagram has recently been reviewed by McAlister and 
Murray (1987) and is shown in figure 2.6.4. The intermetallic phase in
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temperature is an orthorhombic phase, AlGMn (25.34%Mn, space group 
Cmcm). The maximum solid solubility is 0.62 at% Mn at 658°C. These are 
the only phases occurring in alloys with concentrations of Mn of less 
than 5wt%.
At higher concentrations of manganese the Al^Mn hexagonal phase is 
observed. Rapid cooling also produced metastable phases, a quasi­
crystalline icosahedral phase <~20at% Mn, space group m35) and the 
decagonal (or T) phase (Shechtman et al 1984).
Solid solubility extension of manganese in aluminium has been reviewed 
by Jones (1982b). The maximum solid solubility is more than 9 at% Mn, 
compared to the equilibrium limit of 0.62 at%. The variation of 
lattice parameter a with concentration of Mn (da/dC) was determined as 
-0.00063 ± 0.00008 nm per at%. The hardness increment due to solid 
solution strengthening (dH/dC) was 28 ± 6 kg mm-2 per at%.
Ichikawa et al (1971) determined that the minimum cooling rate of 
115 K s"1 was required for extension of solid solubility in the Al-Mn 
system. When the cooling rate was Insufficient, the equilibrium phase, 
Al^Mn, was observed (e. g. Juarez-Islas et al 1989 in wedge cast Al-Mn 
alloys of up to 5wt% Mn).
Decomposition of the solid solution appears to commence slowly at 
temperatures between 250°C and 300°C after one or two hours (Dobatkin 
et al 1970, Mondolfo 1976), becoming rapid at 350°C. Decomposition of 
the supersaturated solid solution proceeds via the formation of a 
number of metastable phases, most of them designated G phases. Because
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their crystal structures (McAlister and Murray 1987):
(i) A phase (the original 'G-phase') of simple cubic structure with 
a=13.28A
(ii) A phase with the bcc-Al1sW structure, Al^Mn (14.5% Mn) and 
lattice
parameter a=7. 5A. This phase is now usually designated G and is 
very close to being a stable phase of the system. The presence 
of Cr stabilises it at the expense of AleMn.
(iii) A simple cubic structure similar to that of aAl1=iMn3Si.
(iv) An orthorhombic phase with a=2. 5lA, b=24. 8A and c=30. 3A.
(v) A hexagonal phase with a = 7. 54A and c = 7.84A.
(vi) A trigonal phase with a = 28. 6 A  and a = 36.0°.
Limited age-hardening has been detected in the system (Rao et al 
1983), Dobatkin et al (1970) reported an increase of 15 kg rom-^ (as 
quenched value 75kg mm"2) after 2 hours at 450°C.
The activation energy for decomposition of the solid solution was 
found to be composition dependent (Burov 1966), being 179kJ mol”1 for 
Al-1.14 at% Mn and 152kJ mol-1 for Al-1. 89 at% Mn, in both cases 
smaller than that for Al-Cr (220 kJ mol”1).
2. 6. 4 The Al-Cr-Zr system
Little work has been done in this part of the system and only studies 
relating to the solid solution range of aluminium at 450°C and 620°C 
(Kadaner and Kuz'mina 1972) and an isothermal section at 800°C (Markiv 
and Burnashova 1970) are available in the literature. The equilibrium
-115-
at% Cr and 0.049 at% Zr at 620°C (Kadanar and Kuz'mina 1972). No 
ternary phases additional to those in the binary systems (i.e.,
A113Cr^, Al^Cr^ and Al3Zr) are reported. The aluminium rich corner of 
the Al-Cr-Zr system has recently been critically reviewed and 
thermodynamically characterised by Saunders and Rivlin (1986).
Aluminium alloys containing fairly small amounts of Cr and Zr have 
been rapidly solidified by Ohashi and Ichikawa (1970a, b), Dobatkin et 
al (1970), Imanow et al (1972), Elagin and Fedorov (1977) and Matveed 
et al (1981). More concentrated Al-Cr-Zr alloys have been investigated 
by Midson (1982), Midson et al (1985), Hughes et al (1985), Marshall 
et al (1986a) and Tsakiropoulos et al (1988).
By studying the change in lattice parameter and resistivity Elagin and 
Fedorov (1977) determined that a solid solution of an alloy containing
2. 1 wt% Cr and 1. 7 wt% Zr could be produced at a cooling rate of 
lOOKs"1. Midson et al (1985) produced solid solutions at Cr levels as 
high as 5. 0wt% and Zr levels as high as 4. 0wt% by twin piston 
quenching, although the occasional submicron primary particle of 
metastable Ll-.-AlsZr was observed in all alloys containing more than 
Al-2. 2wt% Cr-2. 0wt% Zr. Additions of chromium of up to 1.7 wt% Cr were 
found not to affect the extended solubility of an Al-1. 3 wt% Zr alloy 
(Ohashi and Ichikawa, 1970a,b).
The age hardening response has been examined by many workers. A few 
alloys of interest are listed in table 2.6.5. Ohashi and Ichikawa 
(1970a) reported the addition of chromium increases the age-hardening 
response of Al-Zr alloys. Midson et al (1985) found the peak hardness
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the alloy composition).
Table 2.6.5 Ageing response of Al-Cr-Zr alloys.
Alloy composition RS Peak Hardness Reference
Cr(wt%) Zr(wt%> technique kg mirr■2:
2. 1 1. 7 chill casting 123 Imanow et al (1972)
5. 0 1. 5 twin piston splat 142 Marshall et al (1986a)
2. 2 2. 0 twin piston splat 150 Midson et al (1985)
4. 0 1.5 atomisation onto roller 200 Hughes et al (1985)
5. 0 2. 2 twin piston splat 210 Midson et al (1985)
4. 7 5. 4 twin piston splat 250 Midson et al (1985)
On ageing of Al-2. lwt% Ci— 1. 7wt% Zr alloy Imanow et al (1972) observed
two different precipitates, reporting that they were probably the 
Al3Zr and Al^Cr <A l 3Cr3) phases. A fine dispersion of the Al-^Cr phase 
appeared at 250°C and then coarsened as the ageing temperature 
increased. The Al3Zr phase was not detected until 450°C, precipitating 
simultaneously with the Al^Cr.
TEM observations for the Al-5. 0wt% Cr-2. 2wt% Zr alloy solid solution 
(Midson et al 1985) showed that precipitation of the Aln3Crs phase had 
occurred mainly at the grain boundaries. After 1 hour at 390°C 
(approaching the peak hardness condition) metastable cubic Ll2-Al3Zr 
precipitates had formed continuously and coherently within the grains 
as well as discontinuously, together with Al^Cr-,, from the grain 
boundaries. After 1 hour at 440°C and 500°C, two types of 
precipitation were observed. Type I comprised differently-directed 
prismatic particles of Al^Cr^., Ll3-Al3Zr and an unidentified third 
phase. Type II had the fan-like characteristic structure of Ll3-Al3Zr 
discontinuous precipitation, but also including rods of Al13Crs and 
the unidentified phase aligned with the Al3Zr within the fan array.
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The addition of Mn to Al-Cr is found to restrict the primary field of 
crystallisation of Al^Cr^., so that at approximately 2.5 wt% Mn it 
disappears and is replaced by Al^Cr^, Raynor (1944). The solid 
solubilities of Mn and Cr in aluminium are lower in ternary alloys 
than in their respective binary alloys (Mondolfo 1976). In the solid 
state there is a stable ternary phase which is formed by the 
peritectoid reaction: Al*,*, + Al13Crs + MnAle =* (CrMn) A1-, 2, Ohnishi et 
al (1972). This phase is the G (for ghost) phase of the unstable 
Al1sMn phase stabilised by some Cr replacing the Mn. The composition 
ranges from 2 wt% Cr and 12 wt% Mn to 4 wt% Cr and 10 wt% Mn, Mondolfo 
(1976).
Lui (Ping) et al (1987) have recently reported five metastable phases 
in rapidly solidified Al-5wt% Mn-2. 5 wt% Cr powder, Y-AlMnCr,
M-AlMnCr, L-AlMnCr, W-AlMnCr and an I-phase. The structures of these, 
and the G-Al,2 (CrMn) phase are given in table 2.6.6. The I-phase is an 
icosahedral quasicrystalline phase.
Table 2.6.6 Metastable phases in Al-Ci— Mn alloys.
Phase Structure Space Group Lattice parameter (A) 
a b c a |3 y
G-Al, 2 (Mn, Cr) bcc I m3 7. 507
I-phase quasicrystal point m35
Y-AlMnCr triclinic - 8. 18 10. 92 11. 41 69. 9 64. 7 84. 3
M-AlMnCr monoclinic - 5. 02 8. 98 5. 0 100
L-AlMnCr f'. c. orthorhombic 18.6 17.8 30. 8
W-AlMnCr not determined
Extensions of solubility of up to 8-9wt% Cr+Mn were achieved by RS at 
cooling rates of lO'^ -lO'^ K s” 1 by Polesya and Stepina (1969). Arnberg 
et al (1985) produced a complete solid solution in Al-5. 4wt% Mn-2. 7wt% 
Cr alloy by melt spinning. Heat treatment at 300°C for 1 hour produced
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phase, G-A1-,;2 (Mn, Cr), were observed within the grains. A peak hardness 
of 114kg mm~2 was measured after 500 hours at 300°C.
Ultrasonic gas atomisation of the Al-5wt%Ci— 2. 5wt%Mn alloy achieved a 
solid solution in the sub 45pm diameter powder, Arnberg et al (1986). 
During hot extrusion at 400°C this decomposed to give finely dispersed 
G-Al,(Mn, Cr) particles in the matrix. The extruded material had an 
UTS of 412MPa and an elongation of 7% and did not overage at 
temperatures below 300°C. Lui (Ping) et al (1987) atomised the same 
alloy to produce finer powder and consolidated the sub 25pm fraction 
by extrusion. The UTS and elongation of the material was similar to 
that from the coarser powder in the as-produced state (417MPa and 6%) 
but an increase in hardness was observed at 350°C to a value of 
170 kg mm"'2 after 1440 hours. This was due to the fine scale 
precipitation of the G-Al •, 2 (Mn, Cr) phase. It was suggested that this 
phase has a good resistance to coarsening because it is semi-coherent 
with the a-Al matrix. Other phases were observed in the powder and 
consolidated material and these are listed in table 2. 6.6.
2. 6. 6 Al-Ci— Zr-Mn
In a preliminary study at the British Aluminium Co.Ltd the addition of 
manganese to the Al-Ci— Zr system was found to increase thermal 
stability (Cornish et al 1981). Further work on the alloy has been 
reported by Midson (1982), Miller (Alcan patent 1984 - atomised onto a 
roller), Miller et al (1985), Marshall (1986 - air atomised powder) 
and Tsakiropoulos et al (1988 - twin piston quenching).
Experimental results for this alloy system are discussed in detail in 
section 6. 3.
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3.1 Alloy preparation
Alloys were prepared by induction melting under an argon shroud and 
chill casting either in steel moulds, to produce one kilogram ingots, 
or in a copper wedge-shaped chill mould.
The alloys were produced using the following materials, (all analyses 
are in weight percent, wt%>:-
Al-Cr, chromium (BDH GPR, 99.8%) and aluminium (BDH Analar, 99.99%). 
Al-Zr, from Al-25% Zr master alloy (LSM, impurities less than 0. 3wt%) 
and aluminium (BDH Analar, 99. 99% pure).
Al-5. 2%Cr-l. 4%Zr-l.3%Mn was provided by Alcan International Ltd. and 
was diluted with high purity aluminium to produce the Al-3. 3%Cr- 
0. 7%Zr-0. 7%Mn alloy.
Due to the sluggish dissolution kinetics of the chromium and zirconium 
intermetallic phases the alloys were held at a high temperature 
(~200°C superheat) for at least 30 minutes to ensure a homogeneous 
melt. Unfortunately, as the crucibles used for melting (Morganite 
Supra or Suprex crucibles) contained silica this led to some 
contamination of the melt with silicon. The level of silicon was 
monitored by wet chemical analysis and is given in table 3. 1 for each 
of the alloys studied.
-120-
Alloy Composition wt%
Product Cr Zr Mn Si Fe
w+p 5. 1 1. 4 1. 5 0. 2 0. 3
w+p 5. 2 1.4 1. 3 0. 2 0. 3
w 3. 5 0. 73 1. 03 0. 18 0. 18
w+p 3. 3 0. 7 0. 7 0. 10 0. 14
P 3. 5 0. 5 1. 0 0. 20
P 5. 0 0. 16
w 5. 0 0. 2
p 4. 2 0. 38
p 4. 1 0. 15
p 2. 8 0. 15
p 2. 5 0. 34
w 2. 5 0. 15
w 6. 3
w 3. 1
w 1. 70
p 1. 69 0. 05
p 1. 00 0. 14
w 0. 77
w = wedge-shaped cast, p = atomised powder
3.2 Rapid solidification techniques
3.2.1 Chill casting
In order to study the effect of different heat extraction rates on the 
solidification microstructure of the alloys investigated a wedge 
shaped copper mould was prepared, figure 3.1, (Adkins et al 1988a) 
whose design was similar to that used by Ichikawa et al (1971) and 
Juarez-Islas et al (1989). The alloy was melted as discussed in 
section 3. 1 and was cast in the copper mould, producing an ingot with 
a section varying from 20pm to 15mm in thickness. The design of a 
special rig, figure 3.2, allowed bottom pouring of the alloy in later 
experiments improving the alignment of the melt stream with the centre 
of the mould. For each of the alloys studied, the wedge was sectioned 
along the centre line and polished for examination.
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To study the effect on the microstructure of very high heat extraction 
rates a melt spinner was used. This allowed the alloy to be quenched 
very rapidly producing a ribbon 30-40pm thick (measured with a flat 
faced micrometer) and 3-4mm wide. The melt spinner is shown in figure
3. 3. Approximately 5g of the alloy was heated to ~200°C above the 
liquidus temperature in a recrystallised alumina crucible. Heating was 
by induction using a 20kW-20kHz Radyne generator with the power set at 
~4kW. When the alloy had melted and attained the desired superheat 
(after ~30 seconds) an electromagnetic switch was activated to allow 
argon ejection of the melt through a 1mm diameter hole in the base of 
the crucible. The molten stream impinged onto a copper wheel spinning 
with a surface speed of ~30ms~'. This wheel was abraded with 1200grit 
paper before each experiment to improve thermal contact and retain a 
clean surface. The argon pressure employed to eject the melt was 
~10:2:kPa line pressure.
The ribbon produced was polished and examined by optical and electron 
microscopy.
3.2,3 High Pressure Gas Atomisation (HPGA)
The atomiser used in this investigation is shown schematically in 
figure 3.4. The design was originally based on a similar atomiser 
designed at MIT, Domalavage et al (1983a,b), though many modifications 
were subsequently introduced to produce finer powder and achieve more 
efficient atomisation. The early part of this research involved the 
building, commissioning and optimisation of this atomiser, Clyne et al 
(1984), Clyne et al (1985), Ricks and Clyne (1985), Ricks et al 
(1986), Ricks and Adkins (1986a,b), Adkins and Ricks (1986), Adkins et 
al (1988b) and Adkins et al (1989),.
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collecting the powder.
Up to 4kg of aluminium alloy can be melted in a crucible by induction 
heating from a 20kW-20kHz Radyne power source. Crucibles made of 
different refactories were used but the most common types were the 
Morganite Suprex (SiC/Graphite) and Superstar (Clay/Graphite) 
crucibles. A hole was machined in the base of the crucible where a 
graphite insert was cemented. A graphite stopper rod was mated to this 
insert to give an effective seal whilst the alloy was heated. The melt 
was held at ~200°C above the liquidus of the alloy for ~30 minutes to 
ensure homogeneity of the melt.
After the stopper rod was lifted by compressed air the melt ran 
through the nozzle from the base of the crucible down into the die 
area where high velocity helium gas divided the melt stream into fine 
ligaments which later spheroidised into droplets. These droplets were 
accelerated by the gas stream and their heat was extracted by the • 
surrounding gas.
Finally the droplets solidified and were swept by the gas stream into 
the cyclone which separated the powder from the gas. The gas flows 
through a series of filters to the exhaust and the powder was 
collected in the collection box.
The most important part of the Surrey HPGA atomiser is the die/nozzle 
area. Several changes were made to the MIT die/nozzle configuration to 
produce finer powder and achieve more efficient atomisation. The 
die/nozzle configuration used in the MIT atomiser is shown in figure 
3.5. The 90° corner in the gas jets creates ultrasonic pulsations in
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up of the melt stream, Domalavage et al (1983a,b). However, 
experiments comparing the size distribution of powder produced using 
this die and one in which the jets were straight (keeping the other 
processing parameters constant) showed that powder produced by the 
straight jet die was finer, Ricks et al (1986). This straight jet die 
was used for all the atomisation experiments reported in this thesis.
In the MIT die/nozzle arrangement the nozzle is slightly extended into 
the gas stream. This causes aspiration of the melt and reduces the 
chances for the melt to freeze in the nozzle but at the same time also 
reduces the force with which the gas impinges onto the melt stream. To 
avoid this problem of the MIT die/nozzle arrangement an open die has 
been used at Surrey, in which the nozzle is just clear of the gas 
stream. This allows the gas to impinge on the melt stream with full 
force. However, the latter arrangement results in a pressure component 
back up through the die. The atomiser was therefore modified by 
introducing a partition so that gas could be fed into the top chamber 
to create an overpressure which would than help to keep the melt 
flowing through the nozzle.
It was soon realised that at the beginning of an atomisation run 
pressure would build up in the bottom of the atomiser while the gas 
flow through the cyclone was becoming stable. This pressure build up 
would decay and become negligible after -30 seconds.
The overpressure in the upper chamber was therefore adjusted to 
overcome the back pressure at the die/nozzle and the initial transient 
pressure in the lower chamber. For an average melt flow rate of 
ikg min-1 through a 2mm diameter nozzle, and an atomising gas (helium)
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20kPa higher than the pressure in the bottom chamber.
A composite design of nozzle with a steel outer case and a silica 
glass inner (guide) tube has been used. The nozzle design requires an 
insert to prevent premature solidification of the melt while it 
travels down to the gas stream. The low thermal conductivity of silica 
glass compared with that of steel allows a melt with ~200°C superheat 
to be sufficiently insulated so that it does not freeze as it flows 
down the guide tube. The nozzle could not be made of silica alone due 
to machining difficulties and the low strength of silica at the melt 
temperatures of typical aluminium alloys.
In the early experiments the silica tube had an internal diameter of 
4mm. Soon however it was realised that at the overpressures required 
to overcome the initial pressure transient the melt would flow through 
the nozzle at a rate too high for effective atomisation after the 
transient (lower chamber) pressure had decayed. Thus, instead of • 
breaking the melt stream into fine ligaments, large ligaments where 
produced, which could wet the steel outer casing of the nozzle, 
solidify there, and obstruct the gas stream on that side from 
impinging on the melt stream. This uneven gas impingement on the melt 
stream led to the development of an unstable atomisation cone and the 
atomisation run had to be stopped very soon. This problem was overcome 
in later experiments where a silica glass tube with an internal 
diameter of 2mm was used, reducing the flow rate by a factor of 4 to 
~1 kg min-1. The helium gas pressure during atomisation was 2-7 MPa 
(line pressure). This corresponds to a gas flow rate of 
-0.5-2 kg min"1. The typical melt to gas mass flux ratio was therefore 
-1.
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temperature, the bottom chamber pressure, the overpressure in the top 
chamber, the atomising gas pressure and the oxygen content of the 
bottom chamber were all monitored continuously.
In the early experiments air was fed into the bottom of the chamber 
via the secondary gas jets to produce an atmosphere containing 2vol% 
oxygen. This concentration is below that at which an explosion can 
occur even if a spark is present but ensured that the powder was fully 
oxidized during atomisation, thus ensuring safe post-production powder 
handling. In the later experiments powder was produced without the 
addition of air into the lower chamber as the amount of oxygen present 
in the helium atomising gas was found to be sufficient to produce at 
least a monolayer of oxide on the surface of the droplets. This 
practice also led to a reduction of the moisture level in the chamber, 
thus minimising the hydration of the oxide.
3.3 Powder handling and characterisation.
3.3. 1 Powder handling
Powder was removed from the atomiser in a sealed collection box. This 
was opened in an argon filled glove box (oxygen level <0. 2vol%) v^ ere 
the powder could be sieved and/or canned. All powders were sealed in 
stainless steel cans under argon before storing. This method of 
storage was found to greatly reduce the growth of the oxide layer on 
the powder, Carney et al (1989a). Oxidation of A1 alloy powder has 
been found to be particularly severe if stored in air, Ricks and 
Adkins (1986a).
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The size distribution of the atomised powder was determined by a 
Malvern laser granulometer (Model ST1800). The powder was dispersed in 
methanol and agitated for 5 minutes in an ultrasonic bath to reduce 
agglomeration.
Powder was also examined by both optical and scanning electron 
microscopy to determine its shape and size. To prevent charging of the 
powder in the SEM the powder was coated with a thin layer of gold. 
Details of the examination are given in section 3.7.
3. 4 Chemical analysis
Ingot material, melt spun ribbon and powder were chemically analysed 
at the Acloque Testing Laboratories Ltd. The concentrations of Cr, Zr, 
Mn, Fe and Cu were determined by atomic absorption spectroscopy with 
an accuracy of ±0.05%. Silicon analysis was performed by a wet 
chemical technique. The results of the analyses for the alloys 
investigated are given in table 3. 1.
Intermetallic compounds within the ingots were analysed by Electron 
Probe Micro-Analysis (EPMA) on a JOEL 35cf SEM with an added LINK 
energy dispersive analysis system. This instrument has a minimum 
spatial resolution of 1pm. Intermetallic compounds in melt spun 
ribbons and powder particles were analysed either in a Philips 400T or 
a JOEL 200CX microscope with computer aided EDAX, the minimum 
resolution for a reasonable count rate being 50nm.
To obtain information on the extent of solute segregation within the
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cells, perpendicular to the solidification direction, and also along 
the cells. This was accomplished mainly on the Philips 400T 
microscope.
3.5 Consolidation
Two methods of consolidation, ’Conform' and extrusion, were used
3.5.1 The 'Conform' Process.
The 'Conform' consolidation process at UKAEA Springfields was used to 
produce continuous extrusions of rod. As described in section 2. 5.4 
this 'Conform' apparatus can be fed with either rod or particulate 
feed stock, Green (1972) and Pardoe (1980). It offers the following 
advantages for consolidating powders:-
a. no pre-canning of the powder
b. only small batches of powder are required (~lkg).
c. no preheating of the powder
d. immediate quenching of the rod after extrusion.
The powder was heated only by friction at the die and the extruded rod 
was quenched immediately on leaving the die, figure 2.5. 1. The heat 
treatment experienced by the powder is believed to be limited to a 
short exposure at the processing temperature. However, the peak 
temperature reached in the process is not known precisely (it has been 
estimated as 450°C, Pardoe 1980).
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The powder was canned in special aluminium cans (see below), degassed 
and extruded. The details of the treatment are given in table 3. 2.
Table 3. 2 Extrusion details.
Alloy Degassing Extrusion Extrudate
temp, and time ratio and temp.
350 °C for 2hrs 20: 1 at 350°C 11mm diameter
Al-3.5Cr-0.5Zr-l.0Mn
(45-200pm) not sealed 20: 1 at 350°C 11mm diameter
350° C for 2hrs 25: 1 at 350°C 6mm diameter
Al-3.5Cr-0. 5Zr-l. OMn
(sub-45pm) 20° C for 2hrs 25: 1 at 350°C 6mm diameter
The powder was placed in aluminium alloy (Dural) extrusion cans. The 
dimensions of the cans were 5cm diameter and 15cm long for the sub- 
200pm powder and 3cm diameter and 10cm long for the sub-45pm powder.
Two cans were filled (to tap density) in each case. Each can was 
degassed by connecting the long tube in the lid of the can to a rotary 
pump for 2 hours. The best achieved vacuum was ~10Pa. During this 
treatment the can was either heated in a furnace at 350±3°C 
(degassing) or left at room temperature (outgassing). A schematic of 
the can and degassing equipment is shown in figure 3.6. The can was 
then sealed by crimping and disconnected from the pump.
The larger cans were extruded at Imperial College at an extrusion 
ratio of 20; 1 at 350°C. The cans were induction heated to temperature
prior to extrusion. The ram speed was 90mm min-1 and the die angle was
90°. The 11mm diameter rod produced was air cooled.
The smaller cans were extruded at RAE, Farnborough at an extrusion 
ratio of 25: 1 at 350°C. The can was heated in the die for 15 minutes
prior to extrusion. The ram speed was 20mm min-1 and the die angle was
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3.6 Heat treatments
Thermal ageing of the melt spun ribbon was undertaken at 400°C in a 
muffle furnace. The ribbon was sealed in an evacuated silica glass 
tube and placed in a ceramic boat located at the hottest part of the 
furnace. The temperature was measured with a chromel-alumel 
thermocouple. The thermocouple was placed as close as possible to the 
glass tube. On removal from the furnace the tubes were air cooled.
Ageing of the consolidated powder (in the form of a rod) and of the 
cast wedges was done as above but the material was not sealed in a 
silica glass tube. The ageing temperatures were 300, 350, 400, 450 and 
500°C. The temperature of the furnace during a heat treatment was 
constant to within ±1°C.
3.7 Metallography
3.7.1 Optical microscopy
Sections of the ingot, chill casting, melt spun ribbon and powder were 
all mounted in conductive bakelite. The maximum temperature achieved 
in the mounting process is 150°C for 5 minutes. The samples were 
polished by grinding on grits down to 4000 grit followed by polishing 
on 3pm and 1pm diamond wheels. An automated process was also used for 
some samples on the Struers ’ Planapol' polishing machine. Etching was 
performed using Kellers reagent (1%HF, 1. 5%HC1, 2. 5%HM03 and 95% Hs0)
for between 10 and 30 seconds.
-130-
photomicroscope.
3.7. 2 Electron microscopy (TEM)
Transmission electron microscopy was used to study the amount of solid 
solubility extension and to otherwise characterise any phases present 
either in the as-quenched or in the heat treated microstructures of 
the alloys investigated. Electron microscopy was undertaken on three 
different microscopes, a JOEL 100B, a JOEL 200CX and a Philips 400T,
Electropolishing was optimised in a Struers ’Tenupol' unit using an 
electrolyte of 5vol% perchloric acid in methanol. The temperature was 
-40°C, the voltage 30V, the current ~0. 1A and the flow setting 0.6. To 
produce electropolished specimens from cast or consolidated material a 
rod 3mm in diameter was machined from the section of interest and was 
sliced into thin discs on a diamond slitting wheel. These discs were 
then ground down to a thickness of ~150pm on 4000 grit paper. To 
prevent their loss they were held in a special brass holder during 
this process. Finally the discs were electropolished to perforation. 
Discs for electropolishing could be directly punched from the melt 
spun ribbon.
Three processes were used for producing electron transparent powder 
sections. The first was developed at Surrey (Clyne et al 1984). The 
powder was wet sieved to sub-lOpm diameter and mixed with resin in a 
ratio which gave a particle spacing in the final section in the region 
of 10 to 30pm. The mixture was transferred to a pyramid-end BEEM 
capsule of internal diameter 8mm. Setting took place over 24 hours and 
the temperature of the mixture did not exceed 60°C during the process. 
Sectioning was carried out using a diamond knife with a Reichert UM3
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were floated off on water and picked up on copper grids. Every grid 
was coated with a thin layer (<10nm) of carbon to improve the 
stability of the section to the electron beam.
Many slices of powder curled up during the cutting operation but 
damage to particles with sectional diameters of less than 5pm remained 
relatively low. These specimens were ideal for quantitative analysis 
as the thickness was constant and the process had no effect on 
chemical distribution of the elements. However, the process did damage 
the edge of the ultramicrotome knife making the preparation of 
sections rather expensive.
The second method involved plating the powder and nickel 
simultaneously onto a stainless steel former, (Marshall 1986). The 
bath solution was a mixture of 200ml nickel sulphamate solution (BDH 
Analar), 0. 8Sg nickel chloride (BDH Analar) and 8.Og boric acid (BDH 
Analar) at 50°C. Approximately 1 gram of the metal powder was added to 
this solution and stirred constantly so that the powder slowly 
sedimented onto the stainless steel former were it was incorporated in 
the nickel plate. The plating was continued for 3 hours at a current 
density of 50 mA/cm2. The nickel plate was then peeled away from the 
former and 3mm discs punched out. These discs were ground down to 
150pm, as before, and ion beam thinned until perforation. An 
alternative method was to electropolish the disc until perforation 
using the ’Tenupol' and then ion beam thin the hole for a further few 
hours. This method greatly reduced the time required to produce a 
specimen and the amount of damage to the microstructure. Just 
electropolishing the nickel plated powder did not produce a well 
thinned area.
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which had been placed on a sticky stainless steel former. The plating 
bath was lOOg copper sulphate (BDH Analar), 32ml of H2SO.* (BDH 
Analar), 0. 25g Naphthalene tri-sulphonic acid (BDH) and 0.0025g 
thiourea (BDH) plus water to 500ml. This was plated at 5V at room 
temperature. A thin layer of powder was spread over a piece of 
stainless steel (4cmx3cm) pre-coated with adhesive (a thin layer of 3M 
SprayMount). The loose powder was washed off with water and the piece 
of steel+powder was plated for 1 hour. The plate could easily be 
peeled off. It was polished down on the non-powder side until it was 
~150pm thick. Then 3mm discs were punched out and polished on 3pm and 
1pm diamond wheels to a good finish on both sides. The discs were 
finally FAB thinned to perforation at 15° (~3 hours) and at 10° for 1 
hour.
The third method had many advantages over the nickel plating 
technique.
a) The plating was performed at room temperature so a temperature • 
controlled bath was not required.
b) The plating bath did not get contaminated with powder and therefore 
could be used repeatedly. A fresh nickel bath had to be produced for 
each different alloy.
c) The plate was ductile and therefore much less prone to cracking 
during punching and polishing.
d) Due to the colour difference between the powder and the plate the 
density of particles in the plate could be checked by light microscopy 
before FAB thinning.
e) Copper FAB-thins much faster than nickel and thus specimen 
preparation times were much shorter.
f) A complete range of powder sizes could be plated at the same time.
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the same rate.
The only difficulty with the copper plating technique involved putting 
the adhesive layer on the stainless steel evenly and thin enough for 
it to be plated.
3.7.3 Electron microscopy (SEM)
It was possible to examine the samples prepared for optical microscopy 
(section 3.7.1) in the SEM as the specimens were mounted in conducting 
bakelite. A backscattered detector on the Cambridge 100 SEM allowed 
observation of any segregation and intermetallic phases without the 
need to etch the sample. This instrument was linked to the Quantimet 
(section 3.7.4) enabling quantification of any observations.
3. 7. 4 Quantimet
A Cambridge Instruments Quantimet Type 920 was used to measure the 
area of the sectioned powder particles. A program was written to allow 
determination of the diameter of the section and whether it had a 
'cellular* microstructure or contained intermetallics. A histogram of 
the fraction of particles whose microstructure was 'cellular' against 
powder diameter could therefore be produced. This analysis was 
performed in real time with the polished specimen in a SEM connected 
to the Quantimet.
3.7. 5 Microhardness
Microhardness measurements were made on the chill cast and 
consolidated material to study as quenched hardness and the ageing 
response of the system. This was undertaken on the sections prepared 
for optical metallography. Hardness testing was performed with a
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measurements were averaged for each value.
3.8 X-ray examination
The Debye-Scherrer powder method was used to measure the lattice 
parameter of aluminium in the alloys investigated. Exposures of 2 
hours were used. The calculated lattice parameter data was plotted 
against the Nelson-Riley function for the corresponding values of 9 
and extrapolated to 9 = 90°. The extension of solid solubility could 
be estimated from the lattice parameter.
3. 9 D. S. C.
Precipitation reactions during heat treatment of rapidly solidified 
material were examined in a Dupont Instruments DSC. The heating rate 
was 20°C per minute with a sample weight of ~20mg. The reference 
material was aluminium.
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4. 1 Introduction
Although the original aim of this work was to study the microstructure 
of the near-commercial Al-5Cr-l.4Zr-l.4Mn alloy solidified under 
different conditions it became clear that the characteristics of this 
alloy system would be better understood if the behaviour of the 
relevant binary alloys was available for comparison. Experiments on 
the binary alloys were therefore performed and their results will now 
be presented. The results of experiments on the quaternary alloys will 
be given in chapter 5.
4. 2 Chill cast ingots
4.2. 1 Introduction
Aluminium-chromium alloys were prepared using pellets of chromium (BDH 
GPR, 99.8%) and aluminium rod (BDH Analar, 99.99%). Aluminium- 
zirconium alloys were produced by diluting an Al-25wt% Zr master alloy 
<LSM, impurities 0. 3wt%) with the appropriate quantity of aluminium 
(BDH Analar, 99. 99wt%), as detailed in section 3.1. The alloys were 
cast with ~200°C superheat into the wedge shaped chill mould described 
in section 3.2.1. A section of the lower (thin) part of each of these 
wedges was analysed (see column 2 of table 4.1).
4. 2. 2 Optical microscopy.
Optical microscopy revealed a refinement of the microstructure as the 
wedge became thinner. Eventually, in all but the most concentrated 
Al-Zr alloy, the intermetallic phase was no longer observed and a
figure 4. 1. The thickness (t*) at which this transition occurred is 
given in column 3 of table 4. 1. A schematic diagram showing the 
definition of this thickness is shown in figure 4.2. The transition 
from intermetallic to cellular microstructure did not always occur as 
clearly as shown in figure 4.2 for the Al-Zr alloys.
Table 4.1 Critical thickness of wedge for cast alloys
Composition of alloy 
(nominal) 
wt%
Composition of alloy 
(chemical analysis) 
wt%
Thickness of wedge for 
transition to cellular 
t* pm
Al-Zr
6. 4 6. 3 <20
3. 2 3. 1 190
1. 6 1. 70 945
0. 8 0. 77 3000
Al-Cr
5. 0 5. 0 345
2. 5 2. 5 2500
For both the alloy systems the wedge thickness at which the transition 
to a cellular structure occurred, decreased as the alloy concentration 
increased and for the 6. 3wt% Zr alloy the solute concentration was so 
high that the transition could not be observed in the wedge.
4.2.3 Discussion of results
For a cellular microstructure to be observed in the wedge cast of a 
hypo-peritectic alloy the bulk of the melt must be undercooled to the 
metastable a-aluminium liquidus or below it. It is possible to achieve 
this undercooling only if:
(a) no nucleant for the intermetallic phase becomes active during the 
cooling of the melt, or
<b> nucleation of the intermetallic occurs but the external heat 
extraction rate is high and the growth rate of the intermetallic is
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of large size is expected to be very low in this case.
The undercoolings required to reach the metastable ot-aluminium 
liquidus (Tl-Tl.04) in Al-Cr and Al-Zr alloys has been reported by 
Saunders and Rivlin (1986). The values for these alloy compositions 
are given in table 4.4.
Biloni (1983) has given the heat-transfer coefficient (h*.) for liquid 
metal in contact with a polished metallic mould to be 
4*103 W m-2 K-7. Assuming this value for ht and that Newtonian cooling 
conditions apply, the cooling rate (e) in a slab cooling from both 
sides is given (as discussed in section 2.1.3, Jones 1982a) by,
e = 2(T-TA)hi/(Cl_z) (4. 1)
For the wedge shaped mould, where the thickness of the casting 
solidified varies from 20pm to 15mm, it is estimated that for an 
aluminium alloy poured at 1000°C, the cooling rate will vary from 
1.6x10s to 200 Ks~7. However the assumption of Newtonian cooling 
conditions is not completely valid and it is expected that cooling 
rates at the thicker sections of the wedges may be reduced by as much 
as a factor of 10.
Juarez-Islas et al (1989) have recently measured the cooling rates at 
thicknesses of 18, 10 and 3mm in an identical mould. The measured
rates and those predicted by equation 4. 1 are shown in table 4.2
The calculated cooling rates are a factor of ~8 higher than the 
measured rates. This probably confirms that these thicker sections of
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suggest that the heat transfer coefficient used in the calculation is 
too high.
Table 4. 2 Cooling rate at various wedge thicknesses
Thickness of wedge 
(mm)
)
Measured cooling rate 
(Ks"1)
Calculated cooling rate 
(Ks--* >
3 150 1064
10 47 320
18 21 176
The cooling rate was also estimated by measuring the dendrite arm 
spacing (DAS) in a casting of Al-4wt%Cu, as discussed in section 
2. 1.6. The DAS measurements were correlated to cooling rate by the 
expression determined by Jones (1982a), section 2. 1.6 eq. (2. 1.8)
XeO,333 = 50 ^  (K/s)0,333 (^ .2)
Use of this equation to estimate the cooling rate from DAS 
measurements has often been criticized (e.g. Kurz and Fisher 1984), 
nonetheless it is a very widely used expression and allows different 
techniques of rapid solidification to be compared. Table 4.3 shows the 
DAS measurements in the tip region of the wedge of Al-4wt% Cu and 
relates these measurements to cooling rate. The final column gives the 
calculated cooling rate from equation 4. 1.
Table 4.3 Cooling rate calculated for DAS measurements.
_  . _ _
Thickness of Dendrite Arm Estimated cooling Calculated cooling 
wedge (pm) spacing (pm) rate (Ks~-I> rate (Ks_1)
200 1.3 6x10* 1.6x10*
500 2.2 1x10* 8xl03
1000 2.7 6xl03 3.2x103
1500 4.0 2xl03 2x103
2000 4.5 lxlO3 1.6x10®
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calculated from equation 4. 1 shows good agreement and suggests that 
the assumption of Newtonian cooling is reasonable in these thinner 
sections.
Estimates of cooling rates (from equations 4.1 and 4.2) at the 
critical thicknesses of interest are given in table 4. 4.
As the alloy concentration increases, the cooling rate required to 
suppress the intermetallic phase also increases, until at 6. 3wt% Zr 
the cooling rate, even at the tip of the mould, is insufficient to 
suppress the nucleation and growth of the intermetallic phase.
Table 4. 4 Estimated cooling rate at critical thicknesses.
Composition of alloy 
(chemical analysis) 
wt%
Thickness of 
wedge 
t* pm
<
Estimated 
cooling rate 
K s-1
Undercooling
(Tj-T,*!0*)
K
Al-Zr
6. 3 <20 >2*10G 438 .
3. 1 190 2xl0*-6xl0* 315
1. 70 945 3xl03-6xl03 253
0. 77 3000 1.5xl0*-lxl03 196
Al-Cr
5. 0 345 1x10^-2x10* 141
2. 5 2500 2x10*—1. 3xl03 101
In table 4. 4 it is seen that a cellular structure in the Al-5. Owt% Cr 
alloy occurs at a thickness t* which is smaller than that for 
Al-1. 7wt% Zr (t* = 945pm), i.e. at a higher cooling rate. If 
nucleation of the chromium and zirconium intermetallics is independent 
in the ternary alloy this suggests that the Zr content of a ternary 
containing 5. Owt% Cr could be higher than 1.7 wt% and still produce a 
cellular structure at the same cooling rate. That is to say, the 
chromium intermetallic is expected to be the dominant phase in an
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alloy is dependent on the Zr content (Midson 1982) the properties of 
the alloy may be improved by increasing the Zr content until 
intermetallics of the latter just become the dominant precipitating 
phase.
The undercoolings achieved in the Al-Cr alloys are smaller than those 
achieved in the Al-Zr alloys at similar cooling rates, see table 4.4. 
Therefore the nucleation of the Al3Zr phase is more easily suppressed 
by an increase in cooling rate than the Al^Cr^. phase, and both phases 
can be more easily suppressed than aAl.
Saunders and Tsakiropoulos (1988) have used classical nucleation 
theory to explain this hierarchy of suppression for the intermetallic 
phases. Their analysis has been discussed in section 2.3.5. The 
different achievable undercoolings at particular cooling rates were 
found to depend on the entropy of fusion and the difference in 
transition metal concentration in the intermetallic phase and in the 
melt. The intermetallics have higher entropies of fusion than the FCC 
a-aluminium (Adkins et al 1988b) and can therefore be undercooled 
considerably more than a-aluminium for a similar cooling rate. These 
predictions however are based on the assumption of homogeneous 
nucleation and the effect of nucleation on heterogeneous sites has not 
been taken into account. However if the heterogeneous sites were of 
equal potency for all competing phases the predicted hierarchy of 
suppression and the effect of cooling rate would not be altered (Pan 
et al 1989).
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Electron transparent foils from the tip of the Al-2. 5wt%Cr wedge cast 
were prepared as discussed in section 3.7.2
The observed microstructure is shown in figure 4.3. A cellular 
structure with a cell spacing of ~5pm was seen with a change in 
contrast at the cell boundaries. By operating in SEM mode this 
contrast change was shown to be due to preferential thinning effects. 
No intermetallics were observed. A series of analyses were made across 
cells (the contamination spots are visible in figure 4.3) with a lOOnm 
spot size beam. The results are plotted in figure 4.4. The chromium 
concentration was constant (within experimental error) across the 
cell, with an average composition of 2. 56±0. llwt% Cr, and dropped 
significantly at the cell boundary, to 1.84±0. 25wt% Cr. Preferential 
thinning did not affect these results as the ratio of the Al and Cr 
peaks is fairly independent of thickness for specimen thicknesses of a 
few 1000A (Goodhew 1975).
4.2. 5 Discussion of results
For the limiting case of total equilibrium partitioning at the 
interface but with no back diffusion in the solid (which would remove 
any segregation effects) the Scheil equation (see section 2.4.4, 
equation 2. 4. 7) is valid and may be used to predict expected solute 
profiles arising from solidification. The equation is
cs = kexcL (l-fs)k«--'
The experimental partition coefficient determined from fitting the 
data to this equation is 1. 1 as compared with the equilibrium
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The reason for this difference in the profile is presumed to be due to 
the velocity of the solidification interface. It is possible to 
estimate the average solidification front velocity that is sustainable 
by the heat transfer coefficient ht, by equating the latent heat 
released at temperature Tf during an incremental advance SX in 
solidification position X to the heat removed in a corresponding time 
increment 5t, (Jones 1982a, see section 2.1.3, equation 2.1.4). The 
front velocity, V, is then given by the equation,
V = (Tf-Tft)ht/AHf
Assuming Newtonian cooling conditions this equation gives a maximum 
sustainable velocity for wedge casting of aluminium alloys of 3mm s-1 
(hA = 4x10s W nr2 K"1).
Knowledge of the solidification velocity gives some idea of the 
expected departure (if any) from equilibrium conditions at the 
interface.
The effect of solidification front velocity on the partition 
coefficient has been modelled by Aziz (1982). The theory has been 
discussed in section 2. 4.4, and the prediction of the variation of the 
partition coefficient with the solidification front velocity for 
continuous growth is given by equation 2.4.8:
k = (k. + (a0V/Du) )/(l + (a0V/Du) )
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of the interface, DL is the liquid interdiffusion coefficient and a0 
is a length scale (normally related to the interatomic distance) with 
a value of 0. 5-5nm. However, at solidification front velocity of even 
50 ram s-1, a typical value of Du of 2. 5xl0-3 m2 s_1 and with a value 
of ac> of 5nm, a partition coefficient of 1.8 is predicted to change to 
only 1.7. This effect is much less than that observed (at 3mm s_1) and 
it is clear that solute trapping alone does not explain the 
segregation profiles.
An estimate of the lateral growth rate of the cells may be obtained 
from dividing the cell spacing by the solidification time. The 
solidification velocity is estimated as 3 mm s-*1. At the 
solidification temperature the extent of the solute enriched layer in 
the liquid may be estimated by Du/V (Ricks et al 1985). Typical values 
of D,_ yield distances of ~1 pm and comparison with cell spacings of 
5pm indicate that during lateral growth the liquid will not be 
homogeneous. As the Scheil analysis requires the liquid to be 
homogeneous the predictions are not expected to hold for composition 
profiles across the cells. The interface will thus travel through the 
material in contact with a solute lean region (for ke > 1) and it is 
thus expected that solid will be formed with a concentration similar 
to that of the liquid even though equilibrium partitioning takes place 
and no solute trapping occurs.
It can be seen that the Cr concentration is lower at the cell boundary 
than at the centre of the cell. This is a characteristic feature of 
peritectic cellular solidification and no intermetallic phase is 
expected to form at the cell boundary. The concentration in the centre 
of the cell will also be fairly low (at most k,.,xC0> and no
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the cellular structure Is therefore expected to behave like a 
homogeneous solid solution. In eutectic solidification a homogeneous 
solid solution can only be produced when solidification is 
partitionless. This requires high solidification front velocities 
achieved only at high undercoolings and/or high heat extraction rates. 
If the front is not planar in eutectic solidification, solute will be 
rejected to the cell boundaries and, as the solute concentration will 
be enriched, intermetallic formation is likely to take place there.
4. 3 Melt spun ribbon
4.3.1 Introduction
An Al-1. 7wt% Zr alloy was melt spun as described in section 3. 2.2. 
Approximately 5g of the alloy were heated to ~1100°C 0200K superheat) 
in an alumina crucible. This was ejected onto a copper wheel (spinning 
at 1300rpm, a surface speed of 30m s-'1) by a pulse of argon (static 
pressure 130kPa). The ribbon was produced in long lengths, with a 
width of ~4mm and a thickness of ~40pm.
4. 3.2 Optical microscopy and SEM
No second phases were observed in the polished section of the ribbon 
either in the optical microscope or in the back scattered SEM image.
4.3.3 X-ray powder diffraction analysis
A piece of melt spun ribbon was rolled into a needle shape and a 
powder diffraction photograph was taken as discussed in section 3.8.
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lattice parameter was determined as 4. 0502±0.0017&. Data on the effect 
of Zr in solution on the lattice parameter of aluminium is plotted in 
figure 4.5 from which the expected lattice parameter for an Al-1.7wt% 
Zr solid solution is 4.05181. This is in good agreement with the 
experimental value.
It should be noted, however that because zirconium expands the 
aluminium unit cell by only a small amount and the error in the 
lattice determination is quite high the experimental value could be 
in good agreement with any Zr concentration from 0 to 1. 7wt%Zr! Thus 
the formation of a solid solution can„not be confirmed conclusively 
from this data alone.
A section of the ribbon was sealed in a silica glass vial and annealed 
at 500°C for 5 hours. The X-ray powder photograph of the ribbon 
revealed 7 extra pairs of lines which could all be indexed as 
belonging to the Al3Zr equilibrium tetragonal phase. These are given 
in table 4. 5
Table 4.5 Extra diffraction lines in annealed melt spun ribbon.
Annealed ribbon 
(excluding Al lines) 
Interplanar spacing (A)
Al3Zr (DO* 
Interplanar 
spacing (A)
:3 >
I/Io (hkl)
2. 86 2. 83 50 (110)
2. 59 2 . 61 60 (105)
1. 82 1. 82 50 (204)
1. 66 1. 71 50 (118)
1. 46 1. 47 90 (208)
1. 35 1. 35, 1. 31 10, 50 (224,219)
1. 28 1. 28 70 (11, 1, 2 )
Data from Swanson (1968)
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the error is significant this reduction in lattice parameter is 
consistent with the expected loss of supersaturation. A reduction in 
ductility after annealing was also observed.
In conclusion, the presence of extra lines in the annealed specimen 
suggest that the original microstructure of the melt spun ribbon was 
supersaturated, with the heat treatment causing the precipitation of 
the equilibrium intermetallic phase. This is in agreement with the 
results of other workers, see section 2.7.2.
4. 3. 4 Transmission Electron Microscopy (including hot stage studies) 
Electron transparent foils of the melt spun ribbon were produced by 
electropolishing, as described in section 3.7.2. The microstructure 
observed is shown in figure 4.6a. No intermetallics could be seen and 
the foil appeared to be completely supersaturated.
It was possible to heat the specimen in the Joel 200CX TEM by mounting 
it in a hot stage specimen holder. The specimen was heated from room 
temperature to 450°C at a rate of ~30°C per minute. At approximately 
350°C a second phase precipitated behind an advancing boundary. Figure
4.6 shows the same area before and after heat treatment. Further 
heating led to the decomposition of this cellular precipitate and its 
replacement by larger platelets throughout the foil. The fan-type rod 
precipitate was the cubic Ll2-Al3Zr and the coarse plate-form 
precipitates belonged to the equilibrium tetragonal Al3Zr as confirmed 
by selected area diffraction and dark field microscopy.
Many workers have studied the decomposition of extended solid 
solutions of Al-Zr, e.g. Ryum (1969), Ohashi and Ichikawa (1972), Nes
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Sahin and Jones (1978) have reported three stages in the ageing 
sequence:
(i) homogeneous modular separation
(ii) discontinuous precipitation of metastable cubic Ll^-AlgZr
(iii) transformation to coarse plates of equilibrium tetragonal 
Al3Zr.
Stage 1 was found to be a spinodal-like breakdown of the solid 
solution though it gave no diffraction effects. It was the product of 
this decomposition mode which gave the ageing hardening response in 
this alloy. Stage 2, formed from stage 1 at 350-450°C, had a 
characteristic fan-shaped array as a consequence of separation of the 
second phase behind an advancing boundary separating transformed and 
untransformed regions. Stage 3 was observed at 500-550°C when the 
stage 2 structure transformed to coarse plates of the equilibrium 
tetragonal Al3Zr. .
Sahin and Jones (1978) suggested that Al-Zr solid solutions decompose 
in the above manner because there is a relatively low (or zero) 
nucleation barrier to initial decomposition perhaps associated with 
the formation of a precursor decomposition product even more closely 
related to the fee lattice of the a-Al solid solution than the 
metastable cubic Ll^ -AlaZr phase (lattice parameter only 0.6% 
different from pure Al). Al-Cr or Al-Mn solid solutions do not have 
this easily nucleated transitional phase (or precursor product) and 
hence precipitate heterogeneously on pre-existing dislocations and 
interfaces.
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It was difficult to control accurately the heating rate and to measure 
the temperature of the foil in the TEM hot stage experiments and thus 
DSC was employed. Details of the technique are given in section 3.9. 
The resultant scan is shown in figure 4. 7.
Two exothermic peaks of similar size were recorded at 330°C and 440°C. 
Correlating these results with the TEM work, the first peak probably 
corresponds to discontinuous precipitation of the non-equilibrium 
Ll2-Al3Zr phase and the second peak to the formation of the 
equilibrium D033-Al3Zr phase. No reaction was observed below 300°C 
suggesting that the solid solution is quite stable.
4. 3. 6 Discussion of results
The experiments on the melt spun ribbon confirm that all the 
intermetallic phases have been suppressed and the ot-Al has grown 
without notable segregation of the solute elements.
Morphological stability theory (Mullins and Sekerka 1964) has 
previously been applied to rapid solidification, e.g. Cahn et al 
(1980), Coriell and Sekerka (1980), Midson and Jones (1981), to 
predict the velocity of the solidification front at which absolute 
stability occurs. At the absolute stability velocity the front is 
planar and no lateral solute segregation occurs. This theory is 
covered in detail in section 2.4.2, equation 2.4.6. The velocity (Vwt>) 
for planar solidification front is given by
Vab = (n^ DL <l-k„) cu>/(k.* T„ r>
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Appendix I. The value for Du is that at 660°C < i. e. not that at the 
metastable liquidus temperature or at an undercooled solidification 
temperature). Except for growth at large undercoolings this 
approximation is reasonable.
For the Al-1.7wt% Zr alloy, a planar front is predicted to occur at 
velocities greater than ~69 mm s”1.
Assuming Newtonian cooling conditions the average solidification front 
velocity can be estimated from equation 2.1.4, section 2. 1.3. For 
wedge casting <hj. = 4*103 W m_:S K-1 > the maximum sustainable velocity
for aluminium alloys is 3mm s_1 and for melt spinning
<hi ~105 W m~2 K"*1, Jones 1973) it is 70mm s-1. The front velocity may 
in fact be considerably faster than these predictions if the melt 
undercools prior to nucleation. The front will then grow into the
undercooled melt at a high velocity until recalescence occurs and the
solid/liquid interface velocity reverts to that sustainable by 
external heat extraction. If this final velocity is below that for 
absolute stability a cellular structure should be observed over part 
of the specimen.
For the Al-1. 7wt%Zr alloy solidified in the wedge this theory would 
predict a cellular structure and in the melt spun ribbon partitionless 
solidification. This simple analysis is confirmed by the observations. 
The theory also suggests that if the concentration of zirconium had 
been much higher cells would have been observed in the ribbon too.
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4. 4. 1 Introduction
Various Al-Cr and Al-Zr alloy compositions were atomised. Details of 
the alloy compositions and atomisation conditions are given in table
4. 6. High pressure gas atomisation is discussed in more detail in 
section 3. 2. 3.
Table 4.6 Atomisation conditions for binary alloys.
Analysis Charge
kg
Melt 
Temp. °C
Super­
heat °C
Crucible Nozzle 
dia. mm
Over­
press. kPa
Helium gas 
press. MPa
Cr Si
2. 5 0. 34 2.8 1050 280 Suprex 4 20 2. 5
2. 8 0. 35 2. 2 1115 335 S' star 2 17 2. 1
4. 1 0. 15 1. 5 1110 300 S' star 2 20 2. 1
4. 2 0. 38 2. 3 1062 250 S' star 2 25 2. 5
5.0 0. 16 2. 7 1140 315 Suprex 2 25 2. 5
Zr Si
1.0 0. 14 2. 0 1100 215 S' star 2 20 2. 5
1. 7 0. 05 2. 0 1100 170 S' star 2 20 2. 5
4.4. 2 Optical Microscopy and SEM.
An optical micrograph of sectioned Al-2. 5wt% Cr alloy powder is shown 
in figure 4.8. The cellular structure observed is typical of that seen 
in the finer powder and the more dilute alloys. In the powder of the 
more concentrated alloys intermetallies were observed in many 
particles. Figure 4. 9 is an optical micrograph of sectioned 
Al-4. lwt% Cr alloy powder.
Optical microscopy made it clear that similar diameter sections of 
powder particles of the same alloy could contain widely different 
numbers of intermetallics. It was thus decided to study what fraction 
of powder of each diameter was 'cellular* and which contained a large 
number of intermetallics.
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produced a very large number of random sections. The specimen was then 
observed in a SEM and the overall size distribution of a large number 
of sections was measured in the Quantimet image analyser. At the same 
time, by imaging with back scattered electrons, the size distribution 
of the sections which contained more than a certain (specified) area 
fraction of intermetallics was also measured.
Due to noise in the image, the small size of the intermetallics, etc. , 
it was not possible to measure the area fraction of intermetallics 
automatically in the image analyser. Thus the estimate was made by 
eye. The criterion was set at a 2% area fraction intermetallic. Below
this area fraction the powder particle was deemed to be 'cellular'.
Although the personal judgement will introduce errors into such a 
sorting process most powder particles contained either much less than 
2% intermetallics or much more. Therefore the number of judgements 
required close to the 2% area fraction of intermetallics was fairly 
small. By observing a large number of sections (~100 in each size bin, 
a total of between 500 and 3000 sections for each alloy) the
incorrectly sorted structures should balance out.
The precipitates could be approximated to spheres and thus the area 
fraction of precipitates is the same as the volume fraction of 
precipitates (Pickering 1976).
The true size of a droplet can be estimated from a series of random 
sections using a probability method. The method for performing this 
correction for non-uniformly sized spherical particles was first 
developed by Scheil (1931). The circle of intersection of a sphere 
with a planar section can have any diameter from zero to the diameter
■ *    —  O * --------- 1     — *  1
size ranges, which should have a common origin and form a monotonic 
size range scale. Any given size of section may represent the true 
diameter of the spherical particle or a non-diametrical section of 
some larger sphere. Thus some of the smaller sections will actually 
arise from spheres of much larger diameter, which actually fall in a 
larger size range. The probability, p, of a section lying between the 
apparent diameter, dB, and the true sphere diameter, dx, (Blank and 
Gladman 1970) is given by: -
p<dT,dB)= [ (dT/2)a -(dB/2)2 ]°--5/(dT/2) (4.2)
It can be seen that if dB=0, Pccrr, o> = l*
This principle is shown schematically in figure 4. 10. The probability 
of a sphere of diameter, dT, being intersected to give sections 
between arbitrary diameters of d, and d^ , i. e. belonging in any 
arbitrary size range, is : -
Pcai.rf2 >= [ (d-r^-di2 )0- s -(dT*-d2*)°-s]/dT (4.3)
The probabilities for any monotonically spaced size range can thus be 
calculated and therefore it is possible to correct the apparent number 
of spheres in each size range, as determined from the sections, to the 
true size distribution of sphere diameters. Following the approach of 
Blank and Gladman (1970) a computer program was written to perform the 
large number of calculations required and the experimental data was 
processed to give the real size distribution of the droplets.
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tight fraction between 45-50p.ra diameter. The size distribution of this 
powder was then measured using the Quantimet image analyser linked up 
to a light microscope in transmission mode. This measured the true 
distribution of the powder diameters and gave 85% of the powder 
between 44 and 54pm. The powder was then mounted in Bakelite resin, 
polished and the size distribution of the sections measured in the 
usual way <i. e. by the Quantimet image analyser). This data was 
processed by computer to give the 'real' size distribution of the 
droplets. This distribution had 87% of the powder between 44 and 56pm, 
in good agreement with that measured in transmission mode.
Using the corrected data the fraction of powder, y, in each size bin, 
which contained more than 2 % intermetallie when sectioned was 
calculated. The fraction of powder which did not contain 2% 
intermetallic when sectioned, x, is therefore 1-y. This fraction, x, 
is plotted against the diameter of the powder for each of the alloys 
studied. The results are shown in figures 4. 11 a to e and table 4.7.
The diameter of powder at which 50% of the powder particles contain 
less than 2 vol% intermetallic (and therefore 50% contain more than 2 
vol% intermetallic) has been called dc,®0, and is characteristic of the 
distribution of 'cellular' structure within the powder.
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Alloy
Chromium
wt%
Median diameter of 
powder which contains 
$ 2 vol % intermetallic 
d^60 pm
2. 5 142
2. 8 84
4. 1 28
4. 2 32
5.0 22
A similar trend to that observed in the wedge cast alloys is observed. 
As the concentration of chromium increases the size of the powder able 
to undercool sufficiently to reach the metastable liquidus without 
significant nucleation of the intermetallic phase decreases.
Figure 4.12 shows the value of ddso' for the different alloy 
compositions. The fitted curve allows estimation of the likely d.-,so in 
other alloy compositions before atomisation.
In the Al-Cr system there are two intermetallic phases in the dilute 
(sub-5wt%) Cr region, the Al,-,Cr= phase and the Al^Cr^ phase. At high 
cooling rates greater than ~500K s_1 nucleation of the Al^Cr^. phase 
is suppressed and this phase is not observed, see section 5. 3.7. The 
intermetallic which is observed in this powder is therefore expected 
to be Al13Cr2.
The intermetallic to cellular transition in the Al-Zr alloy powder was 
not investigated in such a thorough way. Optical microscopy confirmed 
a similar microstructure to that observed in that Al-Cr alloy powder 
with the cellular transition occurring at finer powder in the Al- 
1. 69Zr than in the Al-1. OZr.
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Sub-lOjim diameter powder of the Al-1.69Zr, Al-1. OZr, Al-2. 5Cr and 
Al-5. OCr alloys was prepared for TEM by ultramicrotoming (see section 
3.7.2). Although many of the sections were curled up, a sufficient 
number of the smaller ones remained flat for microstructural study. No 
sections exhibited either intermetallics or cells.
4. 4.4 Conclusions
The suppression of the intermetallic phase(s) in the atomised powder 
of a peritectic alloy allows the melt to undercool below the 
a-aluminium metastable liquidus and solidify with a cellular 
structure. This cellular structure is similar to a completely 
supersaturated solid solution as no intermetallic phase(s) are formed 
at the cell boundaries. The transition from primary intermetallics to 
a cellular microstructure has been observed in powders of Al-Zr and 
Al-Cr alloys and found to occur at larger particle sizes as the solute 
concentration in the alloy is reduced.
Since powder which contains a large volume fraction of intermetallic 
phase will be little supersaturated it is unlikely that, upon 
consolidation, a dispersion of very fine intermetallics can be 
produced. The coarse intermetallics are also likely to act as centres 
of stress concentration in the consolidated product and thus affect 
its ductility.
The distribution of the intermetallics within the powder is discussed 
in greater detail in chapter 7. Figure 4. 12 allows prediction of the 
powder diameter at which the ’cellular’ transition occurs in a 
particular Al-Cr alloy. Such a plot could be produced for any alloy 
from a few experimental points allowing optimisation of the alloy for
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used to produce Al-Cr-Zr-Mn powder with a largely 'cellular 
microstructure.
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system.
5.1 Introduction
The Al-~5Cr— 1. 5Zr-~l.5Mn alloy has been suggested as a good candidate 
alloy for application at high temperatures from studies of the 
Al-Cr-Zr and Al-Cr-Zr-X systems (Midson 1982).
Alcan International Ltd provided two 10kg. ingots of nominal 
compositions Al-5.0Cr-l.5Zr~l.0Mn and Al-4.8Cr-l.4Zr-l.4Mn for this 
study. The chemical analyses of the two alloys is given in table 5. 1.
Table 5. 1 Composition of Al-Cr-Zr-Mn alloys.
Alloy Analysis wt% Cr Zr Mn Fe Si A1
nominal 5. 0 1. 5 1. 0
Alloy 1
analysis 5. 1 1. 4 1. 5 0. 3 0 . 2 bal.
nominal 4. 8 1. 4 1. 4
Alloy 2
analysis 5. 2 1. 4 1. 3 0. 3 0 . 2 bal.
All values ±0. lwt%
A study of the effect of different cooling rates on the microstructure 
of this alloy was undertaken by using several different methods. One 
of these methods was HPGA and analysis of the intermetallic 
distribution (as described in section 5.5.2) suggested that an alloy 
containing less solute could be atomised to produce powder containing 
a smaller volume fraction of coarse intermetallics (and possibly with 
increased supersaturation).
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No. 2 (see table 5. 1) with high purity aluminium (BDH Analar, 99.99%). 
This dilution was performed on three different occasions to provide 
alloy for chill casting and two atomisation experiments. The chemical 
analyses of each of the alloys produced are given in table 5. 2.
Table 5.2 Composition of dilute Al-Cr--Zr-Mn alloys.
Alloy Analysis wt% Cr Zr Mn Fe Si A1
Alloy 1 3. 5 0. 73 1. 03 0. 18 0 . 18 bal.
Alloy 2 3. 3 0. 7 0. 7 0. 14 0. 10 bal.
Alloy 3 3. 5 0. 5 1. 0 0. 20 bal.
All values ±0. lwt%
The alloy of the optimised composition was again studied by several 
different methods enabling the effect of different heat extraction 
rates to be investigated. Analysis of the distribution of 
intermetallic particles in the powder was performed and the 
transition to a cellular structure was found to occur at a much larger 
powder size.
These results and their discussion for both alloys of the original and 
optimised alloy compositions will be presented together due to their 
general similarity,
5.2 As-delivered ingot
5.2. 1 Optical microscopy and EPMA
The microstructure of the as-delivered Al-5. lCi— 1. 4Zi— 1.5Mn alloy slow 
cooled ingot, is shown in figure 5.1. The substantial volume fraction 
of primary intermetallic phase can clearly be seen in the aluminium 
matrix. The intermetallics were analysed by EPMA.
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long) had an average composition of 25. 8wt% Cr, 3. 1 wt% Mn and 
0. 3wt% Fe. This corresponds to the value of 25. 9wt% Cr for Al^Cr^., an 
intermetallic which Rivlin and Raynor (1980) reported to have a 
distinct solubility range. Raynor (1944) has reported that in the 
Al-Cr-Mn system manganese can substitute for chromium in the Al^Cr^. 
phase to very high manganese concentrations. Manganese restricts the 
primary field of crystallisation of Al13Cr2 to concentrations below 
lwt% Cr, hence it is not observed in this slow cooled alloy.
The smaller needle-shaped intermetallics (typically 2pm wide and 30pm 
long) were analysed to an average composition of 52. lwt% Zr and 0.3wt% 
Fe. This is slightly less than the 53. 0wt% Zr reported by Potzschke 
and Schubert (1962) for Al3Zr though the difference may be due to beam 
spreading onto some of the matrix (because of the small thickness of 
these intermetallics). The average composition of the matrix was 
0. 5wt% Cr, 0. 3wt% Zr and 0. 3wt% Mn (balance Al).
5.3 Chill cast ingot
5.3.1 Introduction
The Al-5.1Cr-1.4Zr-1.5Mn alloy ingot was melted and recast from a 
temperature of 1150°C (~200°C superheat) into a 12mm diameter steel 
mould.
5.3.2 Optical microscopy and EPMA
The microstructure of the chill cast ingot is shown in figure 5.2. The 
intermetallics were analysed by EPMA using a multi-element dot map, 
see figure 5.3. The analysis of the large equiaxed plates gave
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reported by Cooper (1960) for Al13Cr2. Unfortunately the dimensions of 
the other intermetallics were too small for the analysis area not to 
contain some of the surrounding aluminium matrix and thus quantitative 
analysis was not possible. The dot map confirms that one intermetallic 
contained A1 and Cr whilst the other contained A1 and Zr. The Mn was 
detected in the first intermetallic, with the A1 and Cr, The average 
matrix composition was 1. 0wt% Cr, 0. 5wt% Mn and less than 0. lwt%Zr 
(balance Al).
5.3.3 Wedge-shaped chill mould
The Al-5.lCr~l.4Zr-l.5Mn and Al-3.5Cr-0.7Zr-l.0Mn alloys were cast 
into the copper wedge-shaped chill mould described in section 3.2.1. 
Optical microscopy revealed a refinement of the microstructure as the 
wedge became thinner with a transition to a cellular supersaturated 
solid solution (and suppression of all intermetallic phases) at a 
t*: of ~190pm in the Al-5.1Cr-1.4Zr-1.5Mn alloy and a t*: of ~1. 6mm, in 
the Al-3. 5Cr— 0. 7Zi— 1. OMn alloy, see figure 5.4.
5. 3. 4 Transmission electron microscopy (including micro-analysis) 
Electron transparent foils from the tip of the Al-3. 5Cr-0. 7Zr-l.OMn 
alloy wedge cast were produced in the same manner as discussed in 
section 4. 2. 4.
A cellular structure with a cell spacing of ~4pm was observed (with no 
intermetallics), see figure 5.5. A series of analyses were set up on 
the Philips 400T TEM using the RTS (ratio thin section) program 
available on the LINK system. This automatically set up 10 equidistant 
analyses points across a cell boundary using a lOOnm spot size. The 
results are plotted in figure 5.6. The chromium concentration is
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cell boundary, with an average composition of 3. 44±0. 32wt% Cr, All the 
other elements in aluminium show significant profiles across the cell. 
A piece of the tip of the wedge, adjacent to the area machined into 
foils, was also analysed to give the composition of the tip as 
Al-3. 50Cr-0. 73Zr-l. 03Mn-0. 18Fe-0. 18Si (all wt%).
As discussed in section 4.2,5 the profile is not expected to be that 
predicted by the Scheil equation due to inhomogeneous liquid adjacent 
to the solidification front as the Du/V is smaller than the cell size. 
If the Scheil equation (section 2.4.4, equation 2.4.7) is fitted to 
the data a value for the effective experimental partition coefficient 
can be determined, see table 5. 3.
Table 5. 3 Equili brium and experimental partition coef f icients.
Cr Zr Mn Fe Si
Equilibrium k1 1. 8 1. 8 0. 7 0. 03 0. 13
Experimental k 1. 0- 1. 1 1. 1-1.5 0. 6-0. 9 0.3-0.7 0. 5-0. 9
1 Mondolfo (1976)
It should be noted that due to the error inherent in the analysis a 
range of curves can be fitted to the data points and it is because of 
this that a range of values of the experimental k are given here. To 
avoid confusion a single curve has been plotted for each solute 
element in figure 5.6 as an example.
5,3.5 Heat treatment and microhardness
A wedge was cast from the Al-5.1Cr-1.4Zr-1.5Mn alloy and another from 
the Al-3. 3Cr~0. 7Zr-0. 7Mn alloy. Samples of these wedges were heat 
treated as detailed in section 3.6. The temperatures selected were
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samples of the wedge that were 1mm and 5mm thick. After heat treatment 
the specimens were hardness tested as detailed in section 3.7.5. The 
results are shown in figure 5.7 and given in table 5.4.
Table 5. 4 Microhardness values (Hv) for wedge cast Al-Cr-Zr-Mn alloys.
Time
(hours)
350°C, 
kg rnnr
Al-3. 
1mm 
■2 MPa
3Cr-0. 7Zr-0. 7Mn 
400°C, 1mm 400°C, 
kg mm-2 MPa kg mm"
5mm 
-2 MPa
Al-5. lCr-1. 4Zr-l.5Mn 
400°C, 1mm 
kg mm-2 MPa
0 95 932 95 932 84 824 121 1187
1 97 951 124 1216 76 745 130 1275
12 134 1314 151 1481 125 1226 139 1363
25 142 1393 153 1500 125 1226 132 1294
100 147 1442 137 1344 126 1236 134 1314
500 153 1500 124 1216 134 1314
Average error ±6 kg mnr2
The initial hardness of the dilute alloy was quite low, 95 kg mm-2, 
suggesting that powder with this structure would be fairly easy to 
extrude provided any heating prior to extrusion, eg. degassing or 
heating in the die, can be kept to a minimum. At 350°C, the typical 
degassing or extrusion temperature, the hardness increased quite 
rapidly.
After 25 hours at 400°C the only microstructural change visible in the 
wedge of the Al-3. 3Cr-0. 7Zr-0. 7Mn alloy (1mm thickness) observed by 
optical microscopy was that the cell boundaries were more distinct in 
the etched sample. This suggests any precipitation was on a very fine 
scale. After longer heat treatments the structure began to over— age 
and the hardness had dropped considerably by 500 hours, from 153 to 
124 kg mm-2, At 350°C the hardness was still increasing after 500 
hours suggesting the alloy would require long treatments at this 
temperature to overage. The microstructure after heat treatment of a 
similar wedge was also investigated by TEM and the results are 
presented in the next section, 5.3.6.
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0. 7Mn alloy were not initially supersaturated (i.e. they contained 
intermetallics) and therefore it is not surprising that although they 
show some age-hardening, the peak hardness is still low, only 
125 kg rnm”2 compared with 153 kg mm-2 in the thinner section. The 
wedge of the Al-5. lCr-1. 4Zr-l. 5Mn alloy contained large amounts of 
intermetallic phase at 1mm thickness.
5.3.6 Transmission Electron Microscopy of the heat treated wedge of 
the Al-3. 5Cr-0. 7Zr-l. OMn alloy.
Electron transparent foils taken from the area where the wedge 
thickness had been ~lmm were produced from the wedge of the Al-3. 5Cr- 
0. 7Zr-1.0Mn alloy which was heat treated at 400°C for 12 hours (see 
section 4. 2. 4).
Figure 5. S shows the microstructure of the wedge. The cell boundaries 
are decorated with a few small needlelike precipitates and these are 
presumably the cause of the increased etching response. The cells 
contain dense dislocation networks and SADP from the centre of the 
cell confirmed the presence of an ordered Ll2 phase, see figure 5.9. 
This pattern is characteristic of the metastable cubic Al3Zr phase. 
This is in agreement with Midson (1982) who reported the same 
observations in a similar alloy heat treated at 390°C. At high 
magnification the typical size of the Al3Zr intermetallics was 
estimated as ~10A diameter with a spacing of ~500A.
5.3.7 Discussion of results
The microstructure observed in the as-delivered (slow cooled)
Al-5. ICr-l. 4Zr-l, 5Mn alloy ingot is consistent with that predicted in 
the Al-Cr-Zr ternary phase diagram (Saunders and Rivlin 1986) for a
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cooling rate a suppression of the equilibrium intermetallic phases is 
observed. The Al^Cr^. phase, present in the as-delivered (slow cooled) 
ingot, is suppressed, to be replaced by the Al^Cr^ phase in the alloy 
cast in the 12mm diameter chill mould. This phase is then also 
suppressed in the tip of the wedge shape chill mould to be replaced by 
the oc-aluminium phase.
Assuming that h4 - 4*103 W m~2 K-1 (Biloni 1983) and Newtonian 
cooling, the cooling rate of the 12mm diameter mould can be calculated 
from the equation given for the cooling rate (s) in a cylindrical
mould by Jones (1982a), see section 2. 1.3.
e = 2(T-TA)hi/(cz) (5. 1)
where z is the radius of the mould. The cooling rate for an aluminium 
alloy poured at 1000°C in this cylindrical mould is estimated as 
~500Ks-1.
The cooling rate in the wedge-shaped mould has been considered in 
section 4.2.3. For the Al-5. lCr-1. 4Zr-l. 5Mn alloy the suppression of 
the Al13Cr2 phase is therefore expected to occur in the wedge-shaped 
mould at a cooling rate of ~10A Ks-1, The Al^Cr^ phase was suppressed 
at a cooling rate of <500 Ks-1. It should be noted that for the a-Al 
phase to grow as the primary phase the alloy must have undercooled
below the metastable oc-Al liquidus.
For the Al-3. 5Cr-0. 7Zr-l. OMn alloy the cooling rate for suppression of 
the Al13Cr2 phase is estimated as 5xl02-2xl0'3 K s~'. From the work of 
Saunders and Rivlin (1986) the metastable liquidus temperature for the
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liquidus for this alloy is estimated as 880°C. This high liquidus 
temperature is due to the Zr content of the alloy. The liquidus for 
the Al13Crs phase can be estimated as 802°C. Thus the undercooling 
achieved must have been greater than 199°C, with respect to the Al3Zr 
phase, and greater than 121°C, with respect to the Al13Cr2 phase. It 
has been found (see section 4.2.3) that the Al3Zr phase is easier to 
suppress than the Al13Cr2 phase, i. e larger undercoolings are achieved 
for similar cooling rates, and it is likely that Zr compositions in 
excess of 1. Owt % could be present in this alloy before t* was 
increased.
The absolute stability velocity in these alloys can be calculated (see 
section 4. 3.6) as 49 mm s-1 for the Al-3.5Ci— 0. 7Zr-l. OMn alloy and 
72 mm s_1 for the Al-5. ICi— 1. 4Zr— 1. 5Mn alloy. The data used is given 
in Appendix I and the calculated values of V-,,-, are given in table 5. 5. 
The solutes have been assumed not to interact and the values for DL 
are the extrapolated values at 660°C.
Table 5.5 Absolute stability velocity for alloy additions (m s-1).
Alloy/Solute Cr Mn Zr (Fe) (Si)
Al-5. ICr-l. 4Zt— 1. 5Mn 0. 072 0. 015 0. 057 (13. 69) (1. 31)
> i-* i w CJI 0
 
s 1 0 '-J N -5 1 i—*
■
o 0. 049 0 . 010 0 . 028 (9. 13) (1. 31)
The calculated front velocity for absolute stability is ~70mm s-1 for 
a chromium concentration of 5.lwt%. Mn and Zr exhibit stability at 
lower velocities and therefore Cr presumably destabilises the 
solidification front first. The impurity elements, Fe and Si, are 
predicted to require very high velocities to form a stable planar
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by the bulk of the alloy constituents.
This simple analysis is confirmed by the observations. In both the 
wedge cast alloys a cellular structure was observed (non-planar front) 
as the absolute stability front velocities are greater than the 
predicted sustainable front velocity in chill casting, 3 mm s_1 (see 
section 4.2.5). Thus a completely supersaturated solution was not 
observed. Instead a cellular structure occurred and a solute profile 
across the cells should be expected. The measured profiles, see 
section 5.3.4, is not that predicted by the Scheil equation (equation 
4.3) when the equilibrium partition coefficients are used. However, if 
effective experimental partition coefficients closer to 1 are used the 
Scheil profile can be fitted, see figure 5.8. As discussed in section 
4.2.5, this is to be expected as the assumption in the Scheil analysis 
of no lateral concentration gradients is not valid at the 
solidification front velocity expected in the wedge mould. The 
interface will thus travel through the material in contact with a 
solute lean region (for ke > 1) and it is thus expected that solid 
will be formed with a concentration similar to that of the liquid even 
though equilibrium partitioning takes place and no solute trapping 
occurs.
The hardness of the 1 mm thick section of the wedge of the 
Al-3. 3Ci— 0. 7Zi— 0. 7Mn alloy will be discussed first. The hardness in 
the as-cast- condition can be explained by solid solution 
strengthening. The expression for hardness is (see section 2.2.2, 
equat ion 2. 2.4),
H  = H x + p (\p c)A/3
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(Fontaine 1976) and 79 for Zr in A1 (Sahin and Jones 1978). The values 
of r\ are 0. 120 for Zr, 0.94 for Mn and 0. 101 for Cr (calculated from 
the Goldschmidt atomic radius, King 1982). The value for H0 is that 
for aluminium containing the same impurities, with the same grain size 
and vacancy concentration. This was estimated by casting a high purity 
aluminium wedge using the same procedure as for the alloys. The 
measured hardness was 400 MPa. The predicted hardness increment for 
each of the solutes can therefore be calculated as 456 MPa for the Cr, 
32 MPa for the Zr and 48 MPa for Mn. Assuming that the effect of the 
solutes is additive the total hardness increment due to solid solution 
strengthening is 536 MPa, giving an as quenched hardness of 936 MPa 
(95 kg mm-35. This is the same as the measured value for the hardness 
of the as-cast wedge of 95 kg mm-3.
The maximum increase in microhardness on ageing, AH, in the 
Al-3. 3Cr-0. 7Zr-0. 7Mn alloy is 58 kg mm”3 (153-95 kg mm”3) or 569MPa. 
This would be consistent with an obstacle spacing of 1 0 0 0 A ,  if an 
Orowan expression such as
AH  = (9p/4Tt). (2b/l) In (l/2b)
is applicable (Hughes and Jones 1977, substituting AH  = 3Ao-y into 
equation 2.2.7, section 2.2.2). This spacing is below the resolution 
of an optical microscope, ~300nm (precipitation was not observed in 
the optical investigation). However it does correspond well with the 
spacing observed in the aged wedge of the Al-3. 5Cr-0. 7Zi— l.OMn alloy 
in the TEM. The spacing between the Ll2-Al:3Zr intermetallics estimated 
from high magnification micrographs is 500A and as this is a 
projection it is an underestimate of the three dimensional spacing.
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from equation 2.2.6 (section 2.2.2, Dieter 1986)
vfr = (4rpp*/31)/(l+(4rpp.t/31)) (5.2)
where is the radius of the strengthening phase. The radius of the
metastable Al3Zr phase was estimated as -5A (for an 1 0 0 0 A  spacing) 
giving a volume fraction of -0.0066 or -0.66%. The equilibrium volume 
fraction of Al3Zr given by the lever rule in this alloy is 0.7%.
If such a dispersion of intermetallics coarsens by volume diffusion 
according to the LSW theory (see section 2.2.2 equation 2.2.8) it is 
predicted that after 500 hours at 400°C the radius of the 
strengthening phase will have increased to 11A (from 5A) and therefore 
(from equation 5.1) the spacing between the precipitates will be 
increased to 2 2 0 0 A  from 1 0 0 0 A .  The hardness increment due to Orowan 
strengthening is therefore predicted to have decreased by 28 kg mm-2 
to 30 kg mm-3.
The hardness in the overaged condition (124kg mm-3 after 500 hours at 
400°C) is in fact 29 kg mm“3 less than the peak strength. However this 
agreement is probably fortuitous as it is expected that in the 
overaged condition the solid solution strengthening contribution will 
be greatly reduced and there will be some dispersion strengthening 
contribution from Cr and Mn intermetallics.
The strengthening mechanisms in the 1mm thick wedge of the 
Al-3. 3Cr— 0. 7Zt— 0. 7Mn alloy are given in table 5.6.
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Al-3.3Cr-0. 7Zr-0. 7Mn alloy.
Time at 
400° C 
(hours)
Strengthening Mechanisms 
Pure A1 + Solid solution2 
grain size1
(MPa)
Orowan3 Total
(MPa)
Measured
(MPa)
0 400 536
(From Cr, Mn and Zr)
- 936 932.
25 400 504
(From Cr, Mn no Zr)
571 
(Just Zr)
1475 1500
500 400±? 'p '294'+? 1216
1 Measured value, 2 Calculated from equation 2.2.4, 3 Calculated from 
equation 2.2.7.
EUscussion of the hardness results for the other wedges can only be 
qualitative due to a lack of microstructural evidence from the TEM.
In the thicker section of the wedge of the Al-3. 3Cr-0. 7Zr-0. 7Mn alloy 
intermetallics were present in the as-cast condition. These were 
fairly coarse and are expected to have only a small dispersion 
strengthening effect and to reduce the amount of solid solution 
strengthening. The as-cast hardness is thus lower. The hardness of the 
overaged condition is similar to the hardness of the thinner wedge 
section which may suggest a similar microstructure. The wedge of the 
Al-5. lCr-1. 4Zr-l. 5Mn alloy exhibits only a small age hardening 
response and is probably little supersaturated in the as-cast 
condition.
5. 4 Melt spun ribbon
5.4.1 Introduction
The Al-5. lCr— 1.4Zr-1.5Mn alloy was melt spun as described in sections
3.2.2 and 4.3. 1. The ribbon was produced in long lengths (figure 5. 10) 
and had an average width of 4mm and a thickness of ~40pm.
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No second phase was observed in the polished section of the ribbon and 
no etching response was obtained using the Kellers reagent. This 
suggests that any inhomogeneities, if present, were too small (i. e.
<0. 3pm) to be resolved optically.
Observation in the SEM did not reveal any intermetallic phase and EPMA 
analysis of the ribbon gave the analysis 5. 5wt% Cr, 1. 5wt% Zr and 
1.2wt% Mn. (The difference in analysis is within the experimental 
error expected in the microprobe technique).
5.4.3 X-ray powder diffraction analysis
To confirm that a supersaturated solid solution had been produced by 
melt spinning the alloy, a piece of the ribbon was rolled into a 
needle shape and a powder diffraction photograph was taken in a Debye- 
Scherer camera.
All lines on the film corresponded to the aluminium matrix. The 
lattice parameter of the unit cell of the aluminium matrix was 
determined to be 4.0250A ± 0.0017A. The effect of Cr, Mn and Zr on the 
lattice parameter of aluminium when the elements are in solution has 
not been published for the quaternary. However, assuming there is no 
interaction between solutes in the alloy, it is possible to calculate 
the expected lattice parameter for this composition from the reported 
data on the binary systems.
Following the approach of Jones (1984) the lattice parameter of a 
quaternary system can be written
a = aci (1 + $01^ +  $03^3) (5.3)
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variation of the lattice parameter of aluminium per at% of Cr/lattice 
parameter of aluminium (-0.00184 per at%, Midson et al 1982), c-, is 
the concentration of Cr in at% (2.76), <{>02 is the variation of the 
lattice parameter of aluminium per at% of Zr/lattice parameter of 
aluminium (+0.00123 per at%, Sahin and Jones 1978), c2 is the 
concentration of Zr in at% (0.43), <J>03 is the variation of the lattice 
parameter of aluminium per at% of Mn/lattice parameter of aluminium 
(-0.00156 per at%, Jones 1982b) and c3 is the concentration of Mn in 
at% (0.77). The lattice parameter for a complete solid solution can 
therefore be calculated as 4. 0261A. The experimental result is in good 
agreement with this value.
Published data for the lattice parameter of Al in Al-Zr (Sahin and 
Jones 1978), Al-Cr (Midson et al 1981) and Al-Cr-Mn (Polesya and 
Stepina 1969) alloys is given in figure 4.5. The assumption that the 
effects of solute additions on the lattice parameter of Al are 
additive is valid for dilute Al-Ci— Mn alloys. Midson (1982) has also 
found that the same assumption is valid in dilute Al-Ci— Zr alloys.
Chromium and manganese reduce the lattice parameter of aluminium but 
Zr increases it. Thus, the same lattice parameter could also be 
achieved by incomplete solution of the elements, (e.g. a solid 
solution of 5. lwt% Cr, 1.0wt% Mn and 0wt% Zr in Al is also predicted 
to have a lattice parameter of 4. 0261A). If intermetallic phases were 
present in the alloy they should give extra diffraction lines but it 
is possible that the lines would not be observable if the volume 
fraction of the phase was less than a few volume percent. Therefore 
these results cannot prove conclusively that a solid solution has been 
formed. They confirm however that a large solid solubility extension
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formation of a complete solid solution.
A section of ribbon was sealed in a silica glass vial and annealed at 
500°C for 5 hours. The X-ray powder photograph of this ribbon revealed 
8 extra pairs of lines. These are given in table 5. 7.
Table 5.7 Extra diffraction lines in annealed melt spun ribbon.
Annealed ribbon 
(excluding Al lines) 
Interplanar spacing (A)
Al-,3 
Interplanar 
spacing (A)
Cr2
I/Io (hkl)
Al3Zr 
Interplanar 
spacing (A)
(D023) 
I/I0 (hkl)
6. 22 6, 17 64 (111)
5. 06 5. 07 20 (20 1)
4. 13 4. 14 25 (511)
2. 83 2. 83 50 (110)
2. 52 2. 61 60 (105)
2. 16 2. 18 68 (114)
2. 07 2. 07 100 (820)
1. 26 1. 26 39 (060)
Data from Swanson (1968)
These extra lines could be assigned to the Al13Cr2 and Al3Zr 
equilibrium phases. However, with only two strong lines for the Al3Zr 
equilibrium phase the presence of this phase cannot be confirmed. The 
lattice parameter of the aluminium matrix was determined to be 
4.0511±0. 0024A. This suggests that virtually all supersaturation has 
been removed by the annealing treatment. It was noticed that although 
the original ribbon could be easily rolled into a needle shape for the 
X-ray work, the annealed ribbon was much more brittle.
5. 4. 4 Transmission Electron Microscopy (TEM) (including hot stage 
studies).
Electron transparent foils of the melt spun ribbon were produced by 
electropolishing, as described in section 3.7.2. The microstructure 
observed is shown in figure 5. 11. The micrographs confirm the
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completely supersaturated. No intermetallic phases were observed.
In hot stage experiments grain boundary precipitation commenced at 
~350°C and precipitation within the grains at ~420°C. The final 
microstructure of the heat treated foil is shown in figure 5.12. Note 
the precipitate free zone (PFZ) adjacent to the grain boundary.
Samples of the melt spun ribbon were also heat treated at 400°C for 1 
and 10 hours. Electron transparent foils were produced by 
electropolishing. After 1 hour, precipitation was evenly distributed 
throughout the specimen with the precipitates having a spherical 
morphology with a typical diameter ~250A and a projected spacing of 
~500A between precipitates. SADP showed superlattice spots 
characteristic of Ll2-Al3Zr. After 10 hours the volume fraction of 
precipitates appeared to be higher and the morphology had changed to 
angular platelets of up to 0. 4fum in length.
5.4.5 Differential Scanning Calorimetry (DSC).
As discussed in section 4.3.5 it is difficult to control the heating 
rate and to measure accurately the temperature of the foil in the TEM 
hot stage experiments. Thus a study of the precipitation sequence 
during heat treatment of the ribbon was made by DSC (see section 3.9). 
The resultant scan is shown in figure 4.7.
Exothermic peaks were recorded at 325°C, 425°C and 500°C. The first 
peak is small and, as suggested from the TEM work, this is probably 
due to grain boundary precipitation. The second and third peaks are 
larger and may correspond to precipitation within the grain. No
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solid solution.
Hughes et al (1985) have studied the precipitation sequence in 
Al-4wt% Cr-1. 5wt% Zr alloy splats. In DSC experiments two peaks were 
observed. These were identified by TEM to corresponded to 
precipitation of metastable Al3Zr at ~400°C and Al^Cr^ at ~500°C.
Precipitation in air atomised Al-4. 8wt% Cr-1. 4wt% Zr-1. 4wt% Mn alloy 
powder has been studied by Marshall et al (1986a). Two peaks were 
observed in the DSC scan. The first peak (which could be a resultant 
of two peaks) was recorded in the range 270-360°C. It was identified 
as corresponding to the precipitation of the metastable Al3Zr phase. 
The second peak (with a good shape) at ~475°C was identified as being 
due to precipitation of the Al13Cr2 phase. The tetragonal Al3Zr phase 
was only observed after 2 hours at 500°C.
5.4.6 Discussion of results
The absolute stability velocity for this alloy was calculated in 
section 5.3.7 to be 72 mm s-1. As discussed in section 4.3.6 the 
maximum sustainable velocity is expected to be -70 mm s”1 and 
therefore a planar solidification front is (marginally) possible. The 
observation of partitionless solidification in the melt spun ribbon is 
consistent with these predictions which suggest that if the 
concentration of chromium had been much higher cells would have been 
observed at least in some portion of the ribbon.
The results on the decomposition of the solid solution do not 
contradict the results of other workers (e.g. Marshall et al 1986a, 
Midson 1982) for this system. No decomposition occurs below 300°C
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the metastable Ll2 Al3Zr phase is observed and with more severe heat 
treatment (5 hours at 500°C and possibly 10 hours at 400°C) the 
equilibrium phases are also observed. However, further careful TEM and 
X-ray diffraction work is required on annealed ribbon to identify the 
precipitation sequence of phases at lower temperatures.
5. 5 Atomised powder
5.5.1 Introduction
The Al-5. ICr-l. 4Zr-l. 5Mn alloy was atomised with helium gas at a 
static pressure of ~3MPa to produce 1. 9kg of powder. The alloy was 
melted in a Salamander Suprex crucible and then poured at a 
temperature of 1120°C (165°C superheat). The nozzle had a steel outer 
casing and silica glass inner tube with a 4mm diameter bore.
In the early experiments the diameter of the bore had not been 
optimised and the powder was produced under non-ideal atomisation 
conditions as the metal to gas mass flux ratio was too high. The 
powder was coarse with a mass median diameter of 56pm. Two batches of 
Al-5. 2Cr-l. 4Zr-l. 3Mn alloy powder were later atomised with an improved 
nozzle design. The new steel/silica nozzle had a 2mm diameter internal 
bore. In the first atomisation 3.3kg of powder were produced (mass 
median diameter 19pm) and in the second 1. 1kg of powder (mass median 
diameter 20pm). The results of the laser granulometer powder size 
analyses are shown in figure 5. 13 a and b. A SEM micrograph of the 
powder is given in figure 5.14 showing the powder to be generally 
spherical. The Al-3. 3Cr-0. 7Mn-0. 7Zr alloy was atomised using helium 
gas with a static line pressure of -2.5 MPa. The crucible was a
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glass inner tube (internal bore 2mm). The melt was poured at 1090°C, a 
superheat of 210°C.
5.5.2 Optical microscopy and SEM
Figure 5. 14 shows the morphology of the Al-5. lCr-1. 4Zr-l. 5Mn alloy 
powder. Small solidified droplets often become attached to the surface 
of the larger droplets and are then called satellites (Clyne et al 
1984). Such satellites can be observed in figure 5.14.
An optical micrograph of sectioned Al-5. lCr-1. 4Zr-l. 5Mn alloy powder 
is shown in figure 5.15. Although some of the sections (generally 
those of small diameter) are apparently intermetallic free many 
particles contain large numbers of intermetallics. The diameter of the 
intermetallies within a particle appeared to be dependent on the 
particle diameter. Etching with Kellers reagent revealed a cellular 
structure in the particles which had a low volume fraction of 
intermetallics.
To study the amount' of powder of a particular diameter which could be 
deemed •cellular* in structure, the powder was investigated in a 
similar manner to the Al-Cr powder discussed in section 4.4.2. The 
diameter, ddso, at which 50% of the powder had a volume fraction of 
intermetallic of ~2 vol%, was determined as 19pm. The measured 
distribution of intermetallics in the powder is shown in figure 5.16.
If this value of d,-,so is compared (see figure 4. 12) with the value 
predicted for a binary alloy with this chromium content, 5.lwt%, it is 
clear that there is good correlation. This correlation is further 
discussed in chapter 7.
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The dcr'0 value for this Al-5. lCr-1. 4Zr-l. 5Mn alloy suggests that the 
average 45pm diameter powder particle will contain a large volume 
fraction of intermetallic phase. This was confirmed by observation. 
Powder of this size will therefore be little supersaturated. Although 
small particles are predicted to contain a smaller volume fraction of 
intermetallics (and therefore higher supersaturation) it is not 
practical to separate powder sizes at a size smaller than 45pm 
diameter by dry sieving prior to consolidation. The presence of coarse 
intermetallics in the powder before consolidation is not expected to 
improve strength levels and may reduce ductility (see section 2.2.2).
A low level of supersaturation in the powder before consolidation will 
also greatly reduce the age hardening response of the consolidated 
material.
It is expected that the properties of the final material will be 
improved if the number of intermetallics in the powder before 
consolidation is reduced and the supersaturation level increased.' It 
was therefore decided to design an alloy with a value of of -45pm
as this would reduce the volume fraction of coarse intermetallic (and
may increase the supersaturation) in the sieved sub-45pm fraction.
Referring to figure 4. 12 a d.-,150 of 45pm is predicted for an alloy with
a chromium content of -3. 9wt%. The ratio of zirconium to chromium at
which the Al3Zr phase will dominate the rate of nucleation of 
intermetallics is not known, therefore to test the prediction of 
active nucleant density the zirconium concentration in the alloy will 
be adjusted to keep the Cr: Zr ratio as before. It is therefore 
predicted that an alloy with a composition of Al-3. 9Cr-l. IZr(-1. lMn) 
will have a d,./”0 of 45pm.
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a dd£° of 47pm. The plot of the measured data Is shown in figure 5. 17. 
This value of d,-,so is not that predicted from the Cr content alone on 
figure 4.12. This discrepancy is discussed in chapter 7.
The volume fraction of intermetallic in the average 47pm particle is 
therefore ~2vol% as compared to 14.8vol% (from lever rule 
calculations) for the possible amount of intermetallic. A smaller 
particle will typically have a lower volume fraction. This powder is 
therefore predicted to be highly supersaturated.
An optical micrograph of the sectioned Al-3.3Cr-0.7Mn-0.7Zr powder is 
shown in figure 5. 18. Etching the polished sections of the powder with 
Kellers reagent revealed that most of the particles were free of 
intermetallic phases and had solidified with a cellular structure. As
pxrKcle.
the powder size increased more intermetallics were observed.
The cellular structure could be observed without etching by imaging 
the sectioned powder with the backscattered detector in the SEM. The 
cell spacing varied with powder size, becoming smaller with reduction 
in particle size. The intermetallics were too small to analyse by 
EPMA.
5.5.4 X-ray powder diffraction analysis
Because of the different microstructures observed in the sectioned 
Al-5. ICr-l. 4Zr-l. 5Mn alloy powder two different size fractions were 
used for the X-ray diffraction work, sub-lOpm (obtained by wet 
sieving) and sub-45pm (dry sieving). The powder was placed in a small 
silica glass tube and a powder diffraction photograph was taken in the 
Debye-Scherer camera.
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The lattice parameter of the unit cell of the aluminium matrix was 
determined to be 4. 0264A ± 0. 0007A. As discussed in section 4.3.3, 
this agrees well with the value of 4. 0260A for a fully supersaturated 
solid solution.
On the sub-45pm powder film the lines corresponding to the aluminium 
matrix were very broad. This gave rise to a large error in the lattice 
parameter determination. The lattice parameter of the aluminium matrix 
was determined as 4. 0439A ± 0. 0190A. Two pairs of extra lines were 
observed on the film. The extra lines are given in table 5.8 and could 
be indexed as the strongest lines of the equilibrium Al13Cr2 phase.
Table 5.8 Extra diffraction lines in sub-45pm Al-5. lCr-1. 4Zr-l. 5Mn 
alloy powder.
Sub-45pm powder Al isCr^
(excluding Al lines) Interplanar I/Io (hkl)
Interplanar spacing (A) spacing (A)
2. 07 2. 07 100 (820)
2. 19 2. 18 68 (114)
Data from Swanson (1968)
It is unlikely that the line broadening was due to internal stresses 
or grain size (the effect of which is only important if the grain size 
is >0. 1pm, Cullity 1978) but is probably due to the different amounts 
of solid solubility extension have occurred in different particles.
The lattice parameter determined is therefore only an average value 
for the range of powder sizes.
5.5.5 Transmission Electron Microscopy (including microanalysis)
Some of the wet sieved sub-10pm powder was mounted in resin and 
electron transparent slices were cut on the Ultramicrotome. These were
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of the sections were curled up, a sufficient number of the smaller 
ones remained flat in the resin for a microstructural study. Thinned 
sections of larger particles were prepared by nickel plating and ion 
beam thinning or copper plating and FAB thinning, see section 3.7.2.
Some of the sections were entirely featureless. This was particularly 
true of the very small particles, figure 5.19, but also in some of the 
larger sections, (see figure 5.20 were the section diameter is 5.0pm). 
Operating the Philips 400T microscope in STEM mode with a lOOnm spot 
size a series of analyses were performed across and down an apparently 
segregation free particle (1.5pm diameter). No segregation was 
detected, the average analysis being 5. 2±0. 7wt% Cr, 3. 0±0. 7wt% Zr and 
1.3+0. 7wt% Mn. The reason for the higher zirconium analysis than that 
in the original alloy is not clear. A large area scan covering most of 
the section gave a similar analysis.
Other sections appeared precipitate free on one side but not on the 
other, where many small (~100nm diameter) round precipitates were 
observed, figure 5.21a and b. Analysis of a large number of these 
precipitates gave the average composition as 17. 8+0. 4wt% Cr,
0. 4±0. 4wt% Zr, 4. 8±0. 4wt% Mn (+ 2. 8±0. 2wt% Si, 1. 1±0. 2Fe, bal Al). The 
analysis of the matrix was 5. 0±0. 6wt% Cr, 1.0±0. 5wt% Zr, 1. 8±0. 5wt% Mn 
(+ 3. 7±0. 7wt% Si, 0. 4±0. 4wt% Fe, bal Al). This matrix analysis is 
consistent with the bulk chemical analysis for this powder except for 
the Si content. It is unlikely that the Si content in this particular 
droplet could be so much higher than the bulk analysis and it is 
probable that this anomaly is due to the large Al peak broadening into 
the Si analysis wavelength and leading to an high Si
content. Without the Si content the precipitate composition is
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partially substituting for Cr. SADP from this phase at different 
diffraction angles suggested a simple cubic crystal structure, with a 
lattice parameter - 6. 1A. There is no phase in the literature 
consistent with this structure and composition.
Large area analyses of the intermetallic-containing side and the non- 
intermetallic-containing side of the particle confirmed that the 
overall composition of the two sides was identical. In some sections, 
generally l-5pm diameter, these spherical precipitates were copiously 
precipitated through-out the particle.
A cellular solidification microstructure was observed in other 
sections, generally in larger particles, see figure 5.22a and b. In 
figure 5.22a the cell spacing is ~0. 5pm. A series of analyses across 
the cell detected no significant variation of composition for Cr and 
Zr but a significant composition profile for Mn. In the centre of the 
cell the composition was 0. 9wt%Mn rising to 3. 0wt%Mn at the edges, 
while the average compositions of Cr and Zr were 5.8±0.3 and 2. 7±0.7 
wt% respectively. From ten analysis results the highest composition 
measured at the edge of the cell was found to be 7. 2wt%Cr, 3. 4wt%Zr 
and 3. lwt%Mn. However, the 0. 1pm spot size (required to excite 
sufficient X-rays for a reasonable analysis time) was larger than the 
width of the cell wall and therefore contributions from the matrix 
must have affected the measured solute concentrations.
In section diameters greater than ~10pm the observed microstructure 
contained cells and larger spheroids with a faceted dendritic 
morphology. In even larger sections the structure ceased to be 
cellular and contained a large number of these spheroids, see figure
-182-
19. 2±2. Owt% Cr (with negligible Mn or Zr) consistent with Al^Cr^. It 
was not possible to get SADP to confirm the crystal structure but the 
X-ray diffraction experiments (see section 5.5.4) confirmed the phase 
as Al13Cr2.
TEM of the Al-3.3Cr~0.7Zr-0.7Mn alloy powder was performed in a 
similar way. The sequence of different microstructures observed was 
the same as in the more concentrated alloy, i.e.
However, the section diameters at which these microstructures were 
observed moved to larger sizes, copious spherical precipitation now 
being observed in sections as large as 12pm and copious Al13Cr2 
precipitation not occurring in sections less than ~30pm.
5. 5. 6 D. S. C.
Precipitation reactions of a sample of the sub-lOpm
Al-5. ICr-l. 4Zr-l. 5Mn alloy powder were examined by DSC, as described 
in section 3.9. The resultant scan is shown in figure 5.24. Oxidation 
of the powder became rapid above 500°C and as the surface area is very 
large this caused a baseline drift. The exothermic reactions observed 
at 325°C and 425°C for the melt spun alloy were again detected in this 
sample but the peak previously observed at 500°C either did not occur 
or was swamped by oxidation.
increasing section 
diameter
T
segregation free
seg. free + spherical ppts or cells 
copious spherical pptn. or cellular 
cellular
cellular + few Al13Cr2 ppts 
copious Al13Cr2 pptn.
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Prior to nucleation the temperature difference within a powder 
particle is small if the Bfot number is much less than 1, Boettinger 
et al (1986). The Bfo.t number, Bi, is given by
Bi = hid^/K,, (5. 4)
and hit the heat transfer coefficient is usually evaluated from an 
equation first proposed by Ranz and Marshall (1952).
hj = Ka/da [2.0 + 0.6 (<V>.dc,P<5)/r1<a,'=.= (CaTta/K0 )“• »] (5.5)
where K^ , pe> and CQ are the thermal conductivity, density, 
dynamic viscosity and the heat capacity of the gas respectively and V r 
is the relative velocity between the particle and the gas stream.
It is very difficult to estimate due to the unknown gas flow 
conditions during atomisation. However, in a recent paper by Liu'CJ.) 
et al (1988) the gas velocity was measured in equipment very similar 
to the Surrey HPGA and the velocity of a droplet in the gas stream was 
calculated. The size of the largest droplet to freeze at different 
distances from the nozzle was measured and found to be in reasonable 
agreement with the predicted freezing times from the calculated heat 
transfer coefficient. Values of h± averaged over the freezing time for 
different droplet sizes have been estimated from their data and are 
given in table 5. 9.
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Droplet diameter (pm) 15 25 50 100 150
Heat transfer W mr2 K-1 1.0x10s 7.2x10* 3.6x10* 2.4x10* 1.4x10*
coefficient1
Heat transfer W mr'-2 K-1 9.9x10* 7.2x10* 4.8x10* 3.2x10* 2.5x10*
coefficient (equ. 5. 9)2
1 Heat transfer coefficient calculated from data of Lui (J. ) et al 
(1988). 2 Heat transfer coefficient calculated from equation 5.9 using 
a value of 1000 ms-1 for the relative velocity, V^ , between the 
particle and the gas stream.
It is useful to note that similar values for the heat transfer 
coefficient can be calculated from equation 5. 9 if a value of
1000 ms-1 is used for the relative velocity between the particle and
the gas stream. The agreement for the smaller, sub 25 pm diameter 
particles, is particularly good. This correlation will be used below 
to estimate the heat transfer coefficient for finer particles for 
which Lui (J) et al (1988) provide no data.
The Biot number can therefore be estimated at between 0.015 and 0.02 
for the particle diameters of interest (1 to 200pm). The temperature 
difference within the droplet will therefore be small,
Jones (1982a) gives the cooling rate (e) of a droplet (see section 
2.1.3, equation 2.1.2) as,
s = 3(T-Te)hi/(CLz)
Unfortunately the temperature of the cooling gas, Te, and thus the 
value of T-Tq, the temperature difference between the droplet and the 
gas, is not easily estimated for atomisation where the density of fine 
droplets in the gas, especially close to the nozzle die area, is very 
high.
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cooling rate prior to solidification can be calculated from equation
2.1.2 by estimating the average temperature difference as 
<Tp~Tr)/2 - Tq (Clyne et al 1984). Estimates of cooling rates for 
single aluminium droplets (Ci_ = ~2. 5x10s J m~3 K-1) poured at 1000°C 
(Tr = 660°C and TQ = 30°C) are given in table 5. 10. The average 
temperature difference between the droplet and the gas is taken as 
800°C.
Table 5. 10 Cooling rates for various droplet diameters.
Droplet diameter (pm) 15 25 50 100 150
Calculated cooling rate 
for single droplets 
(equ. 2. 1.2, K s"1)
1. 3xl07 5.5x10s 1.4x10s 4.6x10s 1. 8x10s
Estimated cooling rate 
(DAS, K s-1)
4. 1*10* 1.6x10* 4. 2x 103 1.lxlO3 5.2xl03
Calculated cooling rate 
for T-Tg = 2. 4K (K s"1) 
see text
3.8x10* 1.6x10* 4. 2x 103 1. 4xl03 5. 4xl03
The cooling rates calculated for single droplets of diameter as large 
as 150pm are of the order of those reported for in melt spinning. 
Pragnell (1986) measured the variation of the average dendrite arm 
spacing (DAS) with powder diameter in an Al-4wt% Cu alloy atomised at 
Surrey. If his DAS measurements are correlated to cooling rate by the 
expression given by Jones (1982a), see equation 2. 1.8, section 2. 1.6, 
the variation of the cooling rate of the droplet with diameter can be 
estimated. This estimate has been included for comparison in table 
5.12, The latter cooling rates are a factor of 300* smaller than the 
calculated cooling rates for single droplets. Other workers (Backmark 
et al 1986, Wang et al 1987) have also estimated cooling rates in 
their atomised powder by DAS measurements and report values lower than 
those predicted by equation 2,1.2. The cooling rates they estimate do
processes with higher gas exit velocities and gas flow rates.
If the temperature difference between the droplet and the gas is 
reduced to only 2. 4K the calculated cooling rate (see table 5. 12) is 
in good agreement with the estimated cooling rate (from DAS 
measurements) suggesting that a high concentration of liquid droplets 
in the gas stream may seriously reduce the cooling effect of the gas. 
Figure 5. 25 shows a photograph of the atomisation cone in USGA 
(Backmark et al 1987) and it is clear that the droplet density in the 
gas is very high. Unfortunately no data on the temperature of the gas 
in the atomisation cone is available in the literature. Due to the 
large discrepancy between the predicted cooling rate and that 
estimated from DAS measurements it seems likely that the temperature 
of the gas in the atomisation cone is much higher than room 
temperature. As no estimate of the gas temperature is available the 
temperature difference between the droplets and the gas will be 
assumed to be 2. 4K to facilitate further calculation. Further work is 
required to measure the temperature of the gas in an atomisation cone.
After nucleation, release of latent heat of fusion will be effectively 
spread throughout the entire powder particle (Boettinger et al 1986) 
if
Vdrf/ctL. « 1 (5. 6)
where of,_ is the thermal diffusivity of the liquid alloy. For a 25pm 
diameter particle this condition is satisfied if V « 1. 6 m s"~''.
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particle of diameter d will be approximated by a cylinder of diameter 
d and height d. From the thermal viewpoint, solidification is then 
assumed to occur with a planar interface moving at a velocity V from 
one cylinder face to the other. To discuss the microstructures 
observed in this powder the solidification of two droplets will be 
considered, one with no initial undercooling and the other initially 
undercooled.
For solidification of an isothermal droplet with no initial 
undercooling a heat balance during solidification gives the 
solidification front velocity, V, controlled by external heat 
extraction as in equation 2. 1.4 (section 2. 1.3)
V = 6hi(Tf-Te)/(AH*)
The growth rate for aluminium alloy powders with no initial 
undercooling is given in table 5. 11.
Table 5.11 Growth rates for various droplets diameters.
Droplet dia. (pm) 0. 1 0, 5 1 5 10 50 100
hi (W nr* K-1)1 4. 9x10s 1.2x10s 6. 8* 10s 2.1x10s 1.3x10s 3.6x10* 2. 4x10*
s (K s-1)2 2. 8xlOe 1.4*1CP 3. 9x10s 2.4x10s 7.5x10* 4. IxlO3 1. 4x 103
V (mm s~')3 75 18 10 3. 2 2. 0 0. 5 0. 4
1 The heat transfer coefficient (h±) is estimated from the data of Liu 
(J.) et al (1988) and equation 5.5 for the finer droplets.
2 The cooling rate (s) is calculated from equation 2.1.2.
3 The solidification front velocity (V) is calculated from equation 
2. 1. 4, Tr-TQ = 2. 4K.
Assuming that growth is occurring only due to external heat extraction 
a comparison can be made of these values of sustainable solidification 
front velocity with the calculated velocity required for absolute
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(Vafc. = 72 mm s-1, see table 5.5, section 5.3.6) only sub 0. ljim 
diameter particles are expected to have a stable planar front while, 
in all larger (non-hypercooled) particles a cellular structure or a 
structure with primary intermetallics will be formed. For the
L
Al-3.3Cr-0.7Zr-0.7Mn alloy, were Vafc, is 49 mm s-1' only slightly 
larger particles are expected to be segregation free.
For nucleation of the a-aluminium matrix (required to produce a 
cellular microstructure) the droplet must be undercooled below the a- 
A1 metastable liquidus. During cooling from the liquid state the 
temperature of the droplet may get below the liquidus temperature of 
the alloy without nucleation of the intermetallic phase (e.g. due to 
lack of suitable nucleant/s for this phase). The heat will continue to 
be extracted from the droplet and the temperature of the droplet will 
continue to fall. Alternatively the intermetallic phase may nucleate 
but fail to grow at a sufficiently high rate to prevent the 
temperature of the droplet falling.
Eventually the droplet temperature can get below the «-Al metastable 
liquidus and nucleation of either et-aluminium or more of the 
intermetallic phase becomes possible. If a-aluminium nucleates, 
initial growth will be rapid until recalescence occurs. After 
recalescence the growth will take place at a velocity given in table 
5.11. The undercooling with respect to the a-Al liquidus will be small 
but finite. Clyne et al (1984) assumed a constant kinetic coefficient 
for aluminium of 45 mm s~1 K~1, (i.e., in order to sustain a growth
rate of 45 mm s”1 an undercooling of 1° K is required) while Levi and 
Mehrabian (1982) have taken a value of 20 mm s_1 K"'1.
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which is initially highly undercooled. They have calculated the 
interface position and velocity for a powder particle subjected to 
external cooling assuming that nucleation occurs at the surface. 
Furthermore by taking a smooth interface to be morphologically stable 
and to be governed by interface attachment kinetics, they predicted 
that for a 10pm diameter droplet with a heat transfer coefficient (hi) 
of 5*10A W m-2 K-1 and a growth coefficient of 20 mm s-1 K-1 nucleated 
at the surface at an undercooling of 91K, the initial growth velocity 
will be ~2 m s-1. This high growth rate would raise the temperature of 
the droplet, slowing the interface velocity until at a fraction solid 
of ~0. 4 the interface velocity has recalesced to that sustainable by 
the external heat extraction.
Total recalescence could be avoided if the droplet was highly 
undercooled prior to nucleation to a point where all the latent heat 
produced during solidification was removed by external heat extraction 
and a partial reduction of the undercooling. If the droplet was * 
hypercooled all the latent heat could be removed by the reduction of 
the undercooling without full recalescence. In aluminium hypercooling 
occurs at an undercooling of 376K. Except for high heat transfer rates 
external heat extraction during recalescence will not be important and 
the fraction of solid (fs) solidified during the period of rapid 
growth will be proportional to the undercooling prior to nucleation as 
given by equation 5.7.
f3 = (Cu AT)/AHf (5.7)
fs = 1 for AT = 376K, (hypercooled droplet).
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of diameter d is approximated by a cylinder of diameter d and height 
d, solidification during recalescence with no external heat extraction 
is taken to occur with a planar interface moving at a velocity V from 
one cylinder face to the other. A heat balance gives the position of 
the interface x measured from the nucleating cylinder face as a 
function of the particle temperature T and the nucleation temperature 
TV, as
Using the kinetic law for the velocity of the interface (equation
2.4.2 section 2.4.1) in a general form
where Tj is the liquidus temperature and m and n are constants, the 
growth rate V can be written as
where A©’ = (TL - Tr,)Cl_/AH.r, and Vx is the initial growth rate given 
by
x/d = CL (T-Tr,)/AHf (5. 8)
V = m(T1-T)r'
V = Vx(l-Cx/(dxA©»)])" (5. 9)
Vi = m(Tr Tn)" (5. 10)
Clyne et al (1984) give the value of m as 0.045 m s-1 K-1 and the 
value of n as 1. Using the values of Ct_ and AH.r given before, equation
5. 16 can be rewritten for an aluminium alloy as
Vr = 0. 045AT(l-C(376/AT)x( X / d )3 ) (5.11)
where AT = (Tj-T^).
Unfortunately T„, the nucleation temperature, cannot be measured in 
atomised powders and can only be inferred from observations of their 
microstructure.
With the above assumptions it is now possible to explain the observed 
microstructures.
Figure 5. 19 shows a 0. 1pm diameter particle. The heat transfer 
coefficient of such a particle is estimated as 2. 9x10* W m~2 K-1 (see 
table 5.9) and the sustainable solidification front velocity is 
118 mm s-1 (from equation 2.1.2). This is above that required for 
absolute stability of the solidification front (72 mm s-1) and 
therefore the droplet is expected to be segregation free even if'the 
particle does not undercool before nucleation. In fact such a small 
droplet is expected to undercool significantly before nucleation.
Figure 5. 20 shows a section of a larger droplet, 4pm diameter, also 
without segregation. The heat transfer coefficient of a 4pm diameter 
droplet is ~1.0xl03 W m“2 K-1 and the sustainable front velocity is 
4.3 mm s-1. This is below the velocity required for absolute stability 
and thus the droplet must have been undercooled with respect to the 
metastable a-aluminium liquidus prior to nucleation. Assuming the 
section is through the centre of the particle it could appear 
segregation free only if this undercooling was at least 188K (AT =
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0.5, see equation 5.7).
Figure 5.22a shows another section, also 4pm in diameter, which is 
segregation free on one side and cellular on the other. The fraction 
solidified without segregation could be estimated as 0.4 (this assumes 
the section is through the centre of the particle and bisects the 
nucleation point at the surface of the droplet). This would suggest 
that the undercooling with respect to the metastable a-aluminium 
liquidus prior to nucleation was ~150K (from equation 5.7).
For this particle the front velocity was initially very high during 
recalescence, slowing to below the 72 mm s-1 required for absolute 
stability only after 40% of the droplet had solidified. The estimated 
front velocity during solidification (from equation 5.11) is shown in 
figure 5.26. The initial solidification velocity is predicted to be 
6. 75 m s-1 (the value of Vd._,/oc,_, see equation 5. 6, is less than 1 and 
the assumption of an isothermal sample is still valid). The velocity 
then slows as recalescence occurs until growth is due to external heat 
extraction only. It should be noted that the velocity changes from 72 
mm s~'* to 4 mm s-1 over a very small distance. Thus, although the cell 
size is expected to vary with front velocity there is only a short 
distance over which the velocity is below the velocity for absolute 
stability and still changing. Thus little variation in cell size is 
observed in figure 5.22a.
Analysis of the segregation across a cell, see figure 5.22b, shows a 
different solute profile for Cr and Zr than that predicted by the 
Scheil equation (section 4.2.5, equation 4.3) for this alloy 
composition. The solute profile for Cr and Zr was found to be flat
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1.0) but the Mn profile did fit the equilibrium partition coefficient 
(0.7). The growth velocity is estimated as 4 mm s_1 during this 
cellular growth. DL/V is of the order of the cell size and it is thus 
likely that inhomogeneous liquid is adjacent to the solidification 
front making the Scheil equation invalid. It is possible that the 
segregation of solutes with partition coefficients greater than 1 are 
more easily effected by the growth velocity than those solutes with 
partition coefficients less than 1. The effect of the growth velocity 
on the segregation is discussed more fully in section 5.3.4.
Figures 5. 15 and 5. 23 show intermetallic precipitates in large powder 
particles. In the discussion of the previous microstructures the 
droplet in each case was assumed to have cooled below the metastable 
a-Al liquidus before nucleation occurred. However, in larger droplets 
the cooling rate is much lower and the time available for nucleation 
(and growth) of the intermetallic is greatly increased. The cooling 
rate of a 100pm diameter droplet is 100* smaller than that in a 10pm 
diameter droplet and 10sx less than a 1pm diameter droplet.
Figure 5,21a and b shows a section of a 7pm diameter particle. The 
particle shows no segregation on one side and round precipitates on 
the other. The external heat extraction rate for this size of droplet 
is only sufficient to sustain a solidification front velocity of 
-3 mm s-1. Therefore, for half of the section to be segregation free 
(assuming the section is through the centre of the particle) 
nucleation should have occurred at least 188K below the metastable 
liquidus. In fact it might have undercooled considerably more.
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composition of 17.8wt% Cr and 4. 8wt% Mn (+ 2. 8wt% Si,1. lwt% Fe and 
0. 4wt% Zr) and selected area diffraction patterns suggest that this 
phase has a simple cubic crystal structure (lattice parameter - 6. lA).
In a recent paper by Liu (Ping) et al (1987) on the microstructure of 
HPGA powder of an Al-5wt% Mn-2. 5wt% Cr alloy, similar spherical 
precipitates were also observed in similar sized powder. These 
precipitates had a range of compositions, the average composition of 
the phase in the larger diameter powder being 13. 5wt% Mn and 7. 7wt%
Cr. SADP taken from these precipitates was consistent with the five 
fold symmetry of the icosahedral quasi-crystalline I-phase. The 
spherical precipitates observed in this work are clearly not the same 
as this icosahedral phase.
A cubic phase has also been reported in Al-Cr-Mn alloys, see section 
2.6.5, the G-A11;2(Mn, Cr) phase, but this has a bcc (not simple cubic) 
structure and a lattice parameter of a=7. 507A.
The mechanism of formation of these spherical intermetallics is not 
clear. It is possible that a certain size fraction of powder 
undercools sufficiently to enter a metastable phase field with a 
cooling rate low enough to allow sufficient time for precipitation of 
the phase. For small droplets this only occurs after recalescence has 
slowed the solidification front some distance across the droplet, so 
precipitation only occurs on one side of the droplet. For larger 
droplets the entire droplet is undercooled into the phase field for 
sufficient time and copious precipitation results. Even larger 
droplets do not undercool into the metastable phase field.
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In this chapter some preliminary results of the consolidation of gas 
atomised alloy powder by 'Conform' and extrusion are presented.
Results from this study though not complete, have been included here 
in order to give the microstructural vs. mechanical properties 
relationship between gas atomised powder and consolidated product.
More work is required <as suggested in chapter 8) for a detailed 
analysis of the precipitation reaction in the heat treated 
consolidated powders.
6.1 Consolidation of Al-5. 2Cr-l. 4Zr-l. 3Mn and Al-3.3Cr-0.7Zr-0.7Mn 
alloy powders by the 'Conform' process.
6. 1. 1 Introduction
The Al-5.2Cr-l. 4Zr-l. 3Mn alloy powder was separated by dry sieving 
into two size fractions, sub-45pm and the remainder which will be 
called 45-200pm (but which nevertheless contains a large number *of 
small particles). The details of the 'Conform' process were given in 
section 3. 5. 1.
Separation of the powder into a coarse and a fine size fraction was 
necessary because fine powder had not been previously processed by 
this method and it was decided to test whether the powder fluidity 
could cause processing difficulties. The results of the laser 
granulometer size analyses for the two powder fractions are given in 
figure 6.1. The mass median diameter of the fine and coarse powder was 
15pm and 44pm respectively.
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poor surface finish thus confirming that the fine powder fluidity is a 
problem. However, some sections appeared to be consolidated 
satisfactorily, and all results reported below are from specimens 
taken from these sections. Approximately 6m of 6mm diameter rod were 
produced in each case. 375g of the sub-200pm Al-3.3Cr-0.7Zr-0.7Mn 
alloy powder was also consolidated by this process.
6. 1. 2 Optical microscopy
A polished section of the consolidated rod from the coarse 
Al-5. 2Cr-l. 4Zr-l. 3Mn alloy powder is shown in figure 6.2. Very few 
prior particle boundaries are observed in the etched section. 
Intermetallics are visible on a fine scale (as expected from the 
initial powder microstructure).
6. 1. 3 Heat treatment and microhardness results
Sections of each of the Al-5.2Cr-l. 4Zr-l. 3Mn alloy powder rods were 
heat treated for periods of I, 5, 10, and 25 hours at temperatures of 
300, 400, 450 and 500°C. Longer heat treatments of 100 and 500 hours 
were performed at 300°C and 400°C only. After heat treatment the 
microhardness was measured as discussed in section 3.7.5. The results 
are plotted in figure 6.3a and b and given in table 6. 1.
Table 6.1
Microhardness (Hv) of 'Conformed' Al-5.2Cr-l. 4Zr-l. 3Mn alloy powder
Time
(hours)
300 
f ine
°C
coarse
400 
f ine
°C
coarse
450 
f ine
°C
coarse
500 
f ine
°C
coarse
0 132 117 132 117 132 117 132 117
1 141 117 151 117 134 119 133 125
5 151 120 142 137 138 126 124 115
25 142 125 133 135 126 128 97 107
100 144 123 125
500 147 122 112
Microhardness values (Hv> are in kg mm~:2. 
Maximum average error ±7 kg mm~ffi'
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of 117kg mm-2. Initial ageing at 400°C increased the hardness to 
137kg mm-2 after 5 hours. These are similar levels of hardness to 
those measured in the 1mm thick wedge (see table 5.4, section 5.3.5). 
However after 500 hours the hardness had dropped faster and at a lower 
level than in the wedge cast.
From DAS measurements the cooling rate at 1mm in the wedge mould is 
estimated as 3xl03-6*103 K s-1 (table 4.3, section 4.2.3) and in 44jim 
powder as 4*103 K s-1 (Table 5.12, section 5.5.6). The average 
structure of the powder and the wedge are therefore expected to be 
very similar and this was confirmed by optical microscopy where a high 
density of intermetallics was observed in both materials. This may 
explain the similar as-produced hardness and ageing response of the 
consolidated powder (of this size) and the wedge cast material. The 
finer powder fraction had a higher as-produced hardness and reached a 
peak value of 151 kg mm_£ after one hour. However after 25 hours its 
hardness advantage over the coarse powder had disappeared. The higher 
initial hardness could be attributed to higher supersaturation in this 
size fraction powder.
Sections of the Al-3.3Cr-0.7Zr-0.7Mn alloy powder rods were similarly 
heat treated at temperatures of 300°C, 350°C, 400°C and 450°C for 
periods of 1, 10, 25, 100 and 500 hours and tested for hardness. The 
results are given in table 6.2 and plotted in figure 6.4.
The initial hardness is lower than the 'Conformed' concentrated alloy 
but similar to that measured in the wedge cast alloy of the same 
composition (see table 5.4, section 5.3.5). At all temperatures the 
ageing response was marginal. A peak microhardness of 130 kg mm-3
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conformed hardness after 500 hours at 300°C. At 400°C the peak 
hardness of 117kg mm-3, reached after 25 hours, was equal of the as- 
conformed hardness of the concentrated alloy. The same alloy wedge 
cast achieved a peak hardness of 153 kg mm-2 after 25 hours at 400°C.
Table 6.2
Microhardness <Hv) of the 'Conformed' Al-3.3Cr-0.7Zr-0.7Mn alloy 
powder
Time (hours) Temp. 300°C 350°C 400 °C 450°C
0 96 96 96 96
1 95 96 98 100
10 103 106 106 93
25 102 117 117 90
100 130 115 95
500 99 96 78
Microhardness values (Hv> are in kg mm-2. 
Maximum average error ±7 kg mm-3.
6. 1. 4 Mechanical properties
Special 2BA test specimens were machined from the 'Conformed'
Al-5. 2Cr-l. 4Zr-l. 3Mn 45-200pm and Al-3. 3Cr-0. 7Zr-0. 7Mn sub-200jim 
consolidated alloy powder rods. The specimens were heat treated for 1, 
10, 100 and 500 hours at 400°C and tested on an Instron Model 1175
with a cross head speed of 2mm min-1. Elongation was measured with an 
extensometer. The results are plotted in figure 6.5 and given in table 
6. 3.
A reasonable correlation is observed between yield stress and hardness 
values recorded for these materials (see tables 6. 1, 6.2 and 6.3).
This is to be expected due to the relationship between these 
properties determined by Tabor (Dieter 1986). The Al-3. 3Cr-0. 7Zr-0.7Mn 
alloy powder had inferior strength but improved ductility over the 
Al-5. 2Cr-l. 4Zi— 1.3Mn alloy powders. The low ductility of the latter
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intermetallies.
Table 6.3 Mechanical properties of 'Conform'ed alloy powders.
Al-5.2Cr-l.4Zr-l.3Mn (coarse) Al-3.3Cr-0.7Zr-0.7Mn
Time UTS Yield strength Elongation UTS Yield strength Elongation
<hrs> (MPa) 0.2% (MPa) (%) (MPa) 0.2% (MPa) (%)
Temperature 400°C
0 422 392 3. 1 255 206 10. 3
1 437 420 2. 6 250 212 9. 5
10 412 398 4. 5 251 216 10. 0
100 380 365 4. 5 240 208 10. 6
500 345 326 5. 3 253 170 9. 3
(one specimen was tested for each data point)
6. 1. 5 Transmission Electron Microscopy
Sections of the 'Conformed' Al-5.2Cr-l.4Zr— 1.3Mn 45-200pm and 
Al-3. 3Cr-0.7Zr-0.7Mn sub-200pm alloy powder rods were machined and 
ground to produce 3mm discs from the transverse and longitudinal 
sections. These were thinned by electropolishing (see section 3.7.2).
Except for a few small undeformed particles, the prior particle 
boundaries could not be recognised. In the Al-3. 3Cr-0. 7Zr-0. 7Mn alloy 
rod the microstructure of the undeformed particles was similar to that 
observed prior to consolidation, (i.e. either containing spherical 
precipitates or a cellular microstructure). When a cellular structure 
was present no precipitation was observed in the cell interiors. The 
cells were typically 0. 5pm wide, extremely elongated along the rod 
axis while some cells were much wider. There was no crystallographic 
misorientation between adjacent cells and the grain size was typically 
5pm diameter in the transverse sections (though there was a large 
variation about this value). The cell boundaries were decorated by 
some precipitation which was not continuous. A few cells contained
- 200-
contained large volume fractions of larger precipitates. These latter 
precipitates were presumably present in the powder particles prior to 
deformation. Quantitative analysis of the unprecipitated cells 
confirmed that they retained large amounts of solute in solid 
solution. A micrograph of the structure is shown in figure 6.6. After 
10 hours at 400°C no significant change was observed in the 
microstructure and no precipitation was observed within the 
supersaturated cells.
The Al-5. 2Cr-l. 4Zr-l. 3Mn alloy powder rod had a similar as-produced 
microstructure although this time there were less precipitate free 
areas and a generally much higher volume fraction of precipitates.
6.1.6 Discussion of the properties of the 'Conformed' material.
The observed microstructures confirm that the 'Conform' process 
involves large amounts of Interparticle shear and deformation. The 
type of microstructure is consistent with that observed in other 
powder consolidation techniques, e.g. hot forging (Kim et al 1983, 
extrusion (Ioannidis et al 1989). The final microstructure depended on 
the original powder microstructure and the thermal and mechanical 
treatment inherent In the process.
'Conform' is of particular interest as it requires no preheating of 
the powder and results in very rapid deformation and quenching. From 
the observed microstructures it would seem that the processing has 
caused negligible extra precipitation in the powder. The final 
properties of the as-consolidated material are therefore expected to 
be very similar to the properties of the individual powder particles. 
Strengthening is due to solid solution, dispersion and grain size
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dispersion strengthening contribution. The precipitate dispersion 
coarsens with time at temperature leading to a reduction in strength. 
When the original powder contained coarse intermetallies, as in the 
case of the Al-5. 2Cr-l. 4Zi— 1.3Mn alloy powder, the ductility of the 
final product was adversely affected.
The lack of correlation between the ageing behaviour of the wedge cast 
and the conformed Al-3. 3Cr-0. 7Zr-0. 7Mn alloy powder is interesting.
The strengthening observed on ageing the wedge cast alloy is due to 
very fine precipitation of the Ll2 Al3Zr phase. This phase was not 
observed in the 'Conformed' material. Presumably the proximity of 
intermetallies at the cell boundaries favours their growth rather than 
the nucleation of the Ll2 Al3Zr phase within the cells. This is 
unfortunate as it greatly reduces the strength of the material.
6.2 Consolidation of Al-5. 2Cr-l. 4Zr-l. 3Mn and Al-3. 5Cr-0. 5Zr-l."0Mn 
powder by extrusion
6. 2. 1 Introduction
Insufficient powder of the Al-3. 3Cr-0. 7Zr-0. 7Mn alloy was available 
for consolidation by extrusion so some more powder was produced. 
Unfortunately the zirconium content of this powder, Al-3. 5Cr-0. 5Zr- 
l.OMn, was rather low.
The powder was sieved in argon to give a sub-45pm fraction and the 
remainder, which will be called the 45-200pm fraction, (this also 
contained a large number of finer particles). The 45-200pm fraction 
was separated (under argon) into two cans and consolidated by
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were preheated rapidly to temperature by Induction heating. One of the 
cans did not seal properly after degassing and therefore the oxide is 
expected to have rehydrated. The extrudate had a diameter of 11mm and 
was lm long.
The sub-45pm powder was also separated into two cans, one of which was 
degassed at 350°C for 2 hours and the other outgassed at room 
temperature for 2 hours. Both cans were extruded at RAE, Farnborough 
(see section 3.5.2). The cans were preheated for 15rains prior to 
extrusion in the die. The 6mm diameter rod produced was air cooled.
6. 2. 2 Heat treatment and microhardness results
Sections of the (properly degassed) 45-200pm powder rod and both the 
sub-45pra powder rods were heat treated as detailed in section 3.6. The 
selected temperature was 400°C and the treatment lasted for periods of 
1, 10, 100 and 1000 hours. After heat treatment the microhardness was
measured as detailed in section 3.7.5.
The results are plotted in figure 6.3a and b (45-200pm extrusion) and 
figure 6.4 (sub-45pm extrusions) for comparison with the 'Conform' 
results and are tabulated in table 6. 4.
Table 6. 4
Microhardness (Hv) of extruded Al-3. 5Cr-0. 5Zr-l. OMn alloy powder.
Time
(hours) 400° C
sub-
outgassed
-45pm
degassed
45-200pm
degassed
0 126 140 152
1 131 142 167
10 137 154 146
100 119 142 135
1000 113 137 132
Microhardness values (Hv) are in kg mm-12* 
Maximum average error ±8 kg mm-2-
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20kg mm-2 higher than that of the 'Conformed' Al-5. 2Ci— 1.4Zi— 1. 3Mn 
alloy powder at all ageing times at 400°C.
The microhardness for both the sub-45pm extruded rods reached a peak 
value after 10 hours at temperature, while the hardness of the rod 
extruded from the degassed powder was consistently 15-20kg mm-12 higher 
than that for the outgassed powder. The peak hardness of 154 kg mm-2 
after 10 hours at 400°C compared well with the similar chill cast 
material, see section 5.3.5.
The outgassed powder rod had a less severe treatment prior to
extrusion and its initial hardness after extrusion was lower than the
hardness of the two degassed rods. The difference in hardness values
persisted during ageing. This may suggest a process such as in the
h
'Conformed' powder were nucleation of the Ll;2 Al3Zr phase is not
A
favoured after consolidation.
In each extrusion the top, partially extruded billet, was available
for microstructural investigation. Figure 6.7 shows a low
magnification optical micrograph of the deformation zone for the 
sub-45jjm degassed extrusion. Figures 6.8a-f are higher magnifications 
of the deformation zone and show how the powder is initially pressed 
(fig. 6.8a) and then gradually elongated (fig. 6.8b-e) so that in the
final extrudate its aspect ratio is very high (fig. 6.8f>.
6. 2. 3 Mechanical properties
The test specimens machined from the 45-200pm extruded rod (14" BSF 
long gauge length) were heat treated for 1, 10, 100 and 500 hours at
400°C and tested on an Instron Model 1175 with cross head speed of
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are plotted in figure 6.9 and given in table 6.5.
Table 6. 5 Mechanical properties of the 
0. 5Zr-1.0Mn alloy powders
extruded1 45-200pm Al-3. 5Cr-
Degassed Degassed (not sealed)2
Time UTS Yield strength Elongation UTS Yield strength Elongation
(hrs) (MPa) 0.2% (MPa) (%) (MPa) 0. 2% (MPa) (%)
Temperature 400°C
0 370 356 14. 7 376 369 14. 3
1 380 372 11. 7 389 372 13. 7
10 380 367 11. 8 372 357 15. 2
100 316 296 14. 8 307 286 13. 7
500 283 267 11. 4 280 259 10. 4
1 consolidated at 20:1 at Imperial College.
2 can cracked during sealing
Special 2BA test specimens were also machined from the extruded 
sub-45jim Al-3. 5Cr-0. 5Zr-l. OMn rods and then heat treated for 1, 10,
100 and 1000 hours at 200°C, 300°C, 350°C and 400°C. These were 
tested at RAE Farnborough and at the University of Surrey. The results 
are plotted in figures 6.10 and 6.11 and given in table 6.6.
From these two sets of results the effect of degassing on the 
mechanical properties of the extruded material is not clear. The 
hardness values were consistently higher for the rod extruded from 
degassed powder but the tensile property results show that the 
properties of the rod extruded with outgassed powder are marginally 
better. In the 45-200p.m extrudate where both cans had identical 
thermal treatments but one can was re-exposed to air after degassing, 
the mechanical properties exhibited no significant difference at all.
It may be that if the powder is stored under argon and is exposed to 
air for only short periods of time a degassing treatment is not 
important.
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consolidation is important for this alloy. All extruded material has 
much better strength than the •Conformed' material. It would seem that 
a short heat treatment at 350°C nucleates the Ll2 AlsZr phase in the 
powder, see section 5.7.4. During extrusion and subsequent heat 
treatment this phase grows leading to good peak strengths (see below).
Table 6. 6 Mechanical Properties of the extruded1 sub-45pm Al-3.5Ci—  
0. 5Zr-l. OMn alloy powders.
Time UTS 
(hrs) (MPa)
Outgassed 
Yield strength Elongation 
0.2% (MPa) (%)
UTS
(MPa)
Degassed 
Yield strength Elongation 
0. 2% (MPa) (%)
Temperature 200°C
0 429 407 5. 9 414 384 6. 6
1 435 410 1. 42 419 390 7. 0
10 414 382 6. 0
100 435 409 1. 72 417 391 8. 9
1000 432 400 2.72
Temperature 300°C
0 429 407 5. 9 414 384 6. 6
1 434 401 7. 3 414 383 3. 72
10 423 381 5. 2 409 373 3. 42
100 416 372 9. 8 406 362 2. 62
1000 417 368 7. 5 407 354 10. 9
Temperature 350°C
0 429 407 5. 9 414 384 6. 6
1 412 361 9. 2 397 350 7. 2
10 413 360 8. 0 401 352 6. 7
100 366 301 9. 0 354 301 12. 0
1000 313 250 6. 7 304 250 6. 7
Temperature 400 °C
0 429 407 5. 9 414 384 6. 6
1 415 365 8. 0 405 363 6. 1
10 382 320 6. 4 373 325 9. 1
100 336 273 6. 2 322 271 6. 3
1000 286 223 6. 5 275 219 2. 92
1 extruded at 25: 1 at RAE.
2 specimen failed at extensometer.
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Sections of the 45-200pm degassed rod and both sub-45pm rods (degassed 
and outgassed) were machined and ground to produce 3mm discs from 
transverse and longitudinal sections. These were thinned by 
electropolishing, see section 3.7. 2. Foils were also produced in a 
similar way from the partially extruded billets of these rods and of 
the heat treated material.
The microstructure of all extruded rods was similar to that of the 
'Conformed' material. Figure 6.12 shows the structure of 45-200jim 
degassed extrudate (c. f. fig. 6.6). However, there were two important 
dif f erences,
a) there was evidence of crystallographic misorientation between each 
of the cells suggesting that the structure had undergone dynamic 
recovery. This reduced the (sub-)grain size dramatically, and
b) there was very fine metastable LI* Al3Zr phase precipitated within 
the grains (identified by SADP, see figure 6.13).
Examination of undeformed cellular powder particles in the partially 
extruded billets showed that some unidentified precipitation had 
occurred at the cell boundaries and that Ll2 Al3Zr precipitation had 
occurred within the cells. This was even observed in the outgassed 
billet which had a less severe thermal treatment. These undeformed 
particles did not have a fine sub-grain structure. Figure 6.14 shows a 
partially deformed cellular particle in the 45-200jim extrudate. The 
particle originally had a diameter of ~15pm but is now ~60jim long by 
~6jim (at the widest part). It has not undergone dynamic recovery but 
the precipitation that had initially been continuous along the cell 
boundaries is being stretched out into discrete precipitates to 
decorate the (eventual) sub-grain boundaries. The fine Ll2. Al3Zr
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be seen the other types of powder microstructure undergoing the same 
process. The first particle on the right is a smaller particle 
containing copious spherical precipitation and next to that is a 
larger particle which contains coarse precipitates.
After 1 hour at 400°C the spacing (in projection) of the very fine 
precipitates within the cells (assumed to be the Ll2-Al3Zr phase) is 
typically ~500A, similar to the spacing in the wedge cast material 
after the same heat treatment. The initial sub-grain size in the two 
sub-45pm extruded rods is ~0. 2pm but this coarsens to ~0. 5pm after 
1000 hours at 400°C. The precipitates at the sub-grain boundaries also 
coarsen (from ~0. 1pm diameter as extruded to ~0. 3pm after lOOOhours). 
The initial sub-grain size in the 45-200pm extrudate is ~0. 5pm but 
this does not seem to coarsen significantly after 500 hours at 400°C.
The Zener relation (Murty and Koczak 1989, see section 2.2.2, equation 
2.2.2) predicts that the grain size, g, stabilised by dispersoids 
pinning the grain boundaries can be estimated from the volume fraction 
of precipitate, Vf, and the particle radius, r, by
g = 4rpp*/3vtT.
For rpp-t = 0. 15pm and Vfr = 0. 15 this equation gives a stable grain 
size of 1.3pm. This is larger than that observed (by a factor of 2) 
and suggests that grain growth is still occurring though at a slow 
rate. For the finer grain size of 0.2pm, the radius of the pinning 
particles needs to be around 0.01pm even for the maximum volume 
fraction, and it is clear that the observed precipitates could not 
stabilise such a fine structure.
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To explain in a quantitative manner the different strength levels of 
the alloys of various powder sizes consolidated by the two methods it 
will be necessary to make several assumptions.
(i) The various strengthening mechanisms (grain size, solid 
solution and dispersion strengthening) are additive.
(ii) The relation of Fontaine (1976) for the hardness increment due 
to solid solution strengthening (equation 2.2.4, section 2.2.2) can 
be related to yield stress by the relation H  = 3cry (which assumes 
full plasticity).
(iii) The grain size contribution to strengthening can be estimated 
from the Hall-Petch relationship (equation 2.2.1, section 2.2.2) 
using the values of Yamane et al (1986) for o0 and m.
As the consolidated powder size fraction contains some completely 
supersaturated powder and some powder only partially supersaturated 
the estimation of solid solution strengthening is clearly difficult.
In this analysis the solid solution strengthening for a completely 
supersaturated solid solution has been calculated, and an indication 
has been made if the actual value of solid solution strengthening is 
likely to be less than (or much less) than this estimate, due to large 
amounts of intermetallic being precipitated in the powder.
It is even more difficult to quantitively predict the amount of 
dispersion hardening as these alloys are microstructurally very 
complicated. From the Orowan-Ashby equation (section 2. 2. 2) it is 
clear that the yield stress will increase with reduced particle 
spacing. In this alloy system it has been shown that precipitation of 
the metastable Al3Zr intermetallic occurs on the finest scale. 
Therefore, there is expected to be a reasonable contribution from
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this has been observed.
Estimates of the contributions of the different strengthening 
mechanisms are given in Table 6. 7.
Table 6. 7 Analysis of the as-consolidated yield stress (MPa).
Alloy
Strengtheningrmechanism 
Grain size*! Solid solution Dispersion1 Total Measured
Alloy 1 
sub-200pm 
*Conform*
44 (5jj.m) <180 small <224 206
Alloy 2
sub-45pm
outgassed
163 (0. 2pm) 180 say 64 407 407
Alloy 2
sub-45pm
degassed
163 (0. 2pm) 180 say 40 383 383
Alloy 2 
45-200pm 
degassed
108 (0.5pm) <180 say 68 356 356
Alloy 3 
45-200pm 
* Conf orm*
44 (5pm) <<346 392
Alloy 1 is Al-3. 3Cr-0. 7Zr-0. 7Mn, Alloy 2 is Al-3. 5Cr-0. 5Zr-l. OMn and 
Alloy 3 is Al-5. 2Cr-l. 4Zr-l. 3Mn. * Grain size is given in brackets.
Assuming that the estimations for the solid solution and grain size 
contributions are reasonable the contribution from dispersion 
strengthening has been calculated to bring the total strength up to 
the observed level. It is interesting to note that, the dispersion 
strengthening increments predicted here for alloy 2 are considerably 
less than in the similar alloy wedge cast and aged to peak strength 
(see section 5.3.7). Alloy 1 (Al-3. 3Ci— 0. 7Zr— 0. 7Mn ’Conformed1) did 
not exhibit the fine dispersion of metastable Al3Zr and the analysis 
requires little contribution from dispersion strengthening. The
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difficult to analyse as the contribution from solid solution is very 
difficult to estimate due to the high volume fraction of precipitates. 
Furthermore it is not clear whether the metastable Ll:K-Al3Zr phase is 
present on a fine scale in this alloy (3).
The above simple analysis suggests that the fine grain size of the 
extruded alloys makes an important contribution to their as- 
consolidated strength.
However, for the Al-3. 5Cr-0. 5Zr-l. OMn alloy sub-45pm powder extrudate 
the fine (0.2pm) grain size is not stabilised by sufficient fine 
dispersoids and therefore when aged at 400°C the grains coarsen 
reducing the grain size strengthening contribution. This is not the 
case for the 0.5pm grain size of the coarser powder. As all the 
consolidated material is aged the supersaturated solid solutions will 
decompose and the dispersion strengthening increases. For most of the 
material this results in an increase of strength after a few hours 
ageing at 400°C but for the extrudate with the very fine grain size 
the ageing allows grain growth and the resultant change in 
contributions to strengthening leads to a loss of strength at all 
ageing times.
After 500 hours at 400°C the strength contributions can be analysed as 
given in Table 6. 8.
It is interesting to note that the estimated contributions from solid 
solution and dispersion strengthening together have a similar value 
for the consolidated Al-3.5Cr-0. 5Zr-l. OMn and Al-3. 3Ci— 0. 7Zr-0.7Mn 
alloy powder regardless of initial powder size or consolidation
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distribution may be similar in all the structures.
Table 6.8 Analysis of the yield stress after 500 hours at 400°C. (j'A'Pk.)
Strengthening mechanism 
Alloy Grain size Solid solution + Dispersion Total Measured
Alloy 1 
sub-200pm 
'Conform*
44 say 126 170 170
Alloy 2
sub-45pm
outgassed
108 say 132 240 240
Alloy 2
sub-45pm
degassed
108 say 130 238 238
Alloy 2 
45-200pm 
degassed
108 say 159 267 267
Alloy 3 
45-200jim 
1Conf orm'
44 say 282 326 326
Alloy 1 is 
Alloy 3 is
Al-3.3Cr-0. 7Zr-0. 7Mn, 
Al-5.2Cr-l. 4Zr-l. 3Mn.
Alloy 2 is Al--3. 5Cr-0. 5Zi— l.OMn and
Comparison of these results with the published literature.
The only reported results for a dilute Al-Cr-Zi— Mn alloy are given in 
the original Alcan patent (Miller 1984). The microhardness values for 
zone A of the splats of the Al-3.lwt% Cr-0. 9wt% Zr-0. 9wt% Mn alloy 
were: as produced 80 kg mm-12 and at peak 160 kg mm”'2 (after 24 hours 
at 400°C). These are similar to the measured values.
Microhardness measurements reported by other workers on more 
concentrated Al-Ci— Zr— Mn alloys are given in table 6.9.
The values reported by Midson (1982) and by Miller (1984) in the 
original patent application are for the zone A microstructure in
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higher than that measured in the wedge cast alloy in this work 
(139 kg mm-2). Midson's data suggests that the as-splat alloy was 
entirely supersaturated.
Tsakiropoulos et al (1988) measured lower hardness values, similar to 
the results of this work, in twin piston quenched splats. The peak 
hardness of the consolidated powder (151 kg mm-2 for the 'Conformed' 
material) is also lower than the reported values. However, lower peak 
hardness is to be expected as atomisation onto a roller allows much 
higher cooling rates than gas atomisation and therefore more of the 
solute in the concentrated alloy will be retained in solid solution.
Table 6.9 Reported microhardness measurements for concentrated 
Al-Cr— Zi— Mn alloys
Time (hrs) Hardness Alloy (wt%) Solidification Reference
(400°C) kg mm-2 Cr Zr Mn Method
0 140 5. 0 2. 0 1.0 Zone A atomised onto roller 1
1 190
4 188
24 190
0 140 5. 5 1.7 1. 0 Zone A atomised onto roller 2
4 200
0 103 4. 6 1.7 1. 2 twin piston splat 3
1 125
10 129
100 122
1000 111
References for table 6.9. (1) Midson (1982), (2) Alcan patent, Miller
(1984), (3) Tsakiropoulos et al (1988). Zone A is the area of a splat
which shows no etching response to Kellers reagent.
Published values of the mechanical properties of similar alloys are 
given in table 6. 10. In all these extrusions the starting material was 
similar powder degassed in the same manner. However, the final 
mechanical properties show some variation. The best results were 
achieved when the heat treatment before and during processing was kept
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strength at 400°C to the Al-4.8Cr-l.4Zi— 1. 4Mn alloy.
Table 6. 10 Mechanical properties of concentrated Al-Cr-Zr-Mn alloys
Temp
°C
Time
(hrs)
0. 2PS 
(MPa)
UTS
(MPa)
El
(%>
Alloy, solidification and Reference 
consolidation methods
- 0 484 515 8.0 Al-4. 8Cr-l. 4Zr-l. 4Mn (wt%)
Air atomised, sieved to sub-75pm,
350 1 492 517 12. 0 degassed at 300°C (0.5hrs), 
hydrostatic extrusion at 21:1,
2
300 100 505 527 15. 0 max. temperature 350°C (1 min)
- 0 445 480 10. 8 Al-4. 8Cr-l. 4Zr-l. 4Mn (wt%)
350 1 463 494 10. 2 Air atomised, sieved to
350 10 480 513 11. 7 sub-75)Jtm, degassed at 300°C
350 100 461 498 7. 0 for 0.5hrs, preheated at 300°C 
for 4hrs, extruded at 350°C
1
400
400
450
10
100
100
346
351
271
407
410
345
9. 9 
7. 2
4. 4
at a ratio of 21: 1 or 12: 1.
- 0 315 349 7. 5 Al-4. 8Cr-l. 4Zr-l. 4Mn (wt%)
Air atomised, sieved to sub-75pm,
350 1 310 330 12. 0 degassed at 300°C (0.5hrs), 
preheated at 400°C (3hrs),
2
300 100 293 317 13. 5 extruded at 400°C at 21: 1
References for table 6. 10. (1) Miller et al (1985), (2) Marshall et al
(1986).
The properties of the dilute alloys do not match those containing 
higher concentrations of alloy elements. The ductility of the 
Al-5.2Cr-l.4Zr-l. 3Mn alloy powder consolidated by 'Conform* is very 
poor and this property was much improved in the consolidated 
(Conformed and extruded) more dilute alloy. The Al-3. 3Cr-0. 5Zi— l.OMn 
alloy had a rather low Zr content. If the Cr: Zr ratio was kept the 
same as in the Alcan original alloy the Zr content should be at the 
0. 9wt% level and the study of the nucleation of the intermetallic 
phases suggests that the composition could well be above the 1.0wt% 
level without affecting the amount of cellular powder produced. As 
peak strength is, in part, due the precipitation of metastable Al3Zr,
the phase and thus give improved properties.
However the retention of strength at 400°C is not good, either for the 
dilute or the concentrated alloy. In retrospect it would have been 
preferable to study the properties at a lower temperature. The results 
for the extruded Al-3. 5Cr-0. 5Zr-l. OMn sub-45pm alloy powder suggest 
that the alloy retained strength very well at 300°C.
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7. 1 Nucleation of intermetallics in peritectic alloys.
7.1.1 Introduction
The microstructure of the powder described in sections 4.4.1 and 4.4.2 
does not present the distribution of intermetallic particles which 
would be expected from the theory of homogeneous nucleation. The 
models of Saunders and Tsakiropoulos (1988) and Pan et al (1989), 
which are based on this theory, predict that nucleation of the 
intermetallic phase will occur at a particular powder diameter, and 
that due to the steepness of the nucleation rate equation a further 
slight increase in the powder diameter will lead to copious 
nucleation. All particles of the same size (and which have experienced 
the same cooling rate) are thus expected to have had exactly the same 
number of nucleation events and therefore the same number of 
intermetallic particles. However, this is not the observed 
distribution of intermetallics.
The alternative mechanism for the formation of the intermetallics is 
heterogeneous nucleation. In heterogeneous nucleation the distribution 
of nucleants within the melt may be the factor which determines the 
distribution of the intermetallic particles in the solidified powder.
Nucleation phenomena in droplets have been previously studied,
(Drehman and Turnbull 1981, Paik and Perepezko 1983), see also section 
2.4.2. However the study of nucleation of an intermetallic phase in 
peritectic aluminium alloy droplets is different in several important 
ways.
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intermetallic (as it is the aluminium matrix and not the intermetallic 
which is the continuous phase). Thermodynamic considerations (lever 
rule) and the rate of heat extraction from the droplet dictate the 
final size to which the intermetallic will grow.
(ii) The number of nucleation events can be estimated by sectioning 
the solidified droplet and statistically correlating the number of 
nucleation events, or volume fraction of intermetallic, visible in the 
section, to the number of nucleation events in the volume of the 
droplet.
(iii) Following the random sectioning, corrections must be made which 
take into account the difference between the real and apparent 
diameters (see section 4.4.2).
7.1.2 Calculation of the total number of intermetallics in a powder 
particle.
As the intermetallic phase is not continuous every intermetallic 
particle represents a separate nucleation event. For heterogeneous 
nucleation each intermetallic will be associated with an active 
nucleant in the volume of the melt. Assuming a Poisson distribution of 
nucleants in the powder, the probability of a droplet containing less 
than M,-, nucleants is given by: -
p = exp (-M^j/M-,) (7. 1)
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the droplet.
In order to determine the nucleant density for a particular alloy the 
value of Hs) is required for each droplet. This is not measurable as 
the number of intermetallics is hidden in the opaque aluminium matrix. 
However, if the volume fraction of intermetallic in a section of the 
droplet were known and a relationship between the diameter of the 
intermetallic and the diameter of the droplet could be determined then 
the number of intermetallics (and of the nucleants) in the droplet 
could be estimated.
Microscopic observations in powders allowed an approximate correlation 
to be established between the mean diameter dd of an intermetallic in 
a droplet and the diameter d,-, of the droplet
dj « 1.5xl0~3 dd0> 73 (7.2)
This is an empirical equation which resulted from fitting the best 
straight line to the data in a plot of log dj versus log d^ for a 
number of powder droplets of different Al-Cr alloy systems, see figure
7. 1. Although the intermetallic particles were not truly spheres they 
were basically spherical in nature (see for example figure 5.23) and 
the approximation to spherical introduces little error.
If we assume that all intermetallics in a particular droplet have the 
same diameter, d_,, the total volume of intermetallic, v.,, is
Vj = (jt/6) (1. 5« 10~a dd°' 7:S)3xM,-, (7.3)
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the intermetallic, vrr, is given by
vfI. = Vj/v* = M^/OxiO3 d*0-®) (7.4 )
As discussed in section 4.4.2 the criterion for considering that a
powder has a 'cellular' microstructure is that the area fraction of 
intermetallic particles (equal to the volume fraction for spherical 
precipitates) observed in the powder section is less than 2%. This 
implies that
Ml*/(3x10® d*0-3) = 0.02 (7.5)
and therefore M* = 6*10e d.-,0-e (7.6)
For example, a 100pm diameter powder particle with a 2% volume 
fraction of intermetallics will contain, on average, ~3800 
intermetallic particles.
For a collection of monosize droplets of diameter d,-,, the fraction, X, 
of the droplets which would contain a volume fraction of 
intermetallics of less than 2% could be found by substituting eq. (7.6) 
in eq. (7. 1)
X = exp (-Mv 8.7x10“® d**-®) (7.7)
By iteratively fitting the experimental data to this equation the best 
estimate for the density of the nucleants can be found. An example 
of the fit of equation 7.7 to the experimental data for the Al-Cr 
alloys is shown in figures 4. 11 a to e. Table 7. 1 gives the details
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Table 7. 1 Estimated nucleant density for Al-Cr alloys.
Alloy Nucleant 
Density 
(m~3>
Diameter of powder 50% of 
which has <2% intermetallic 
d,-,30 (pm)
Chromium 
wt %
2.5 
2. 8 
4. 1
4. 2
5. 0
2. 3x10 '5
7. 4xl015
8. 3x101s 
6. Ixl0*e 
1. 4x10'7
142
84
28
32
22
The data in Table 7. 1 indicates that
i) the required number of nucleants is high, 2.3xl01s m~3 in the 2. 5Cr 
alloy.
ii) a hundredfold increase in nucleant density causes a significant 
decrease in dir3-c;o.
7.1. 3 Distribution of intermetallics in a powder particle.
Assuming spherical intermetallics, the number observed in a diametric 
section, H=-., is given by (Pickering 1976)
= (d./d^M* (7. 8 )
Rearranging eq. (7.4) we get
= 3xlOe; d,-,°- 3 vfr (7. 9)
Substitution of eq. (7.2) and eq. (7.9) in eq. (7.8) gives
M3 = 4.5x10s d,.:)° (7.10)
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vTn = ML;/ (4. 5x10s dd°-S3) (7. 11)
.From eq. <7. 7)
X ='exp((-Mv d*3 -3 1. 75xiO-3 >/vrr.) (7.12)
Thus substitution of eq. (7. 11) gives
X = expfC-Mv dd3 -73 7.8xlO-A)/Ms) (7.13)
Since is known for the alloys included in Table 7. 1 (from fitting 
the experimental data to equation 7. 12 with vrr = 2%) equations 7. 12 
and 7. 13 can be used to study the expected distribution of 
intermetallics in a collection of monosize droplets of different dd. 
Equation 7.12 gives the variation of X (the fraction of droplets with 
less than vfT, intermetallics) with dd (the droplet diameter) for* 
different values of vfr or the variation of X with vrr for different 
values of d.-,. Equation 7. 13 describes the variation of X with dd for 
different values of Ms (the number of intermetallics in a diametric 
cross section) or the variation of X with M® for different values of 
dd.
(Ia) Variation of X with d,-, (eq. 7. 12).
Data has already been given for X versus d.-, for v rr = 0.02 (see 
figures 4. 11a to e). For other values of v.fr the shape of the 
theoretical line is similar to those in figure 4.11, with the curve 
moving to the left as vfr> is increased and to the right for lower 
values of vfr.
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Equation 7. 12 can be used to calculate the size of droplet dd in which 
a particular mean volume fraction vfr of intermetallic is observed.
The number of intermetallics H-, for which this volume fraction 
corresponds can then be calculated from equation 7.9 and the number of 
intermetallics observed in a diametric section Ms from equation 7. 10. 
Calculated values of d.-,, Md and Ms for vrr of 0. 1%, 2% and 10% are 
given in table 7. 2.
Table 7.2
Predicted number of intermetallics in sections through Al-Cr powder.
Alloy 0. lvol% 2vol% (obs1 d) 10vol%
Cr wt% dd (pm)1 Mss dd (pm) Md M s dd (pm) Md Ms
2. 5 36 84 2 142 5010 82 296 4.51x10* 607
2. 8 21 54 1 84 3290 62 174 2.95*10* 457
4. 1 7 23 1 28 1370 35 58 1.22*10* 256
4. 2 8 25 1 32 1520 37 67 1.37*10* 276
5. 0 6 20 1 22 1130 31 46 1.02*10* 226
1 f rom equation 7. 12, 2from equation 7.9, 3 f rom equation 7. 10
In eq. (7. 7) X is the fraction of' droplet;s with less than a particular
volume fraction of intermetallic. The fraction of droplets XAB with a 
volume fraction of intermetallics between vTr. = A and v fr = B (where 
B>A> is given by the fraction of droplets with less than vfr = B minus 
the fraction of droplets with less than v tr = A. From equation 7.12
XAb = [exp(<-Mv dc*'2 1. 75*10~3 )/B)]-[exp ((-M^ d^^* 2 1. 75* 10~"3) / A )
(7. 14)
Thus for Al-2. 5Cr (M^ = 2. 3*101S nr-3) and for a collection of monosize 
droplets of da = 142pm, equation 7. 14 can describe the fraction of 
droplets that will contain any range of volume fraction of
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increment in volume fraction bin size is 0. 1% (ie. the first bin 
contains the fraction of droplets with fraction intermetallic between 
0 and 0. ivol%, the second 0. 1-0. 2vol% etc).
For an Al-2.5Cr alloy a collection of monosize droplets of 142pm 
diameter has an average 2% volume fraction of intermetallic (see Table 
7.1). Figure 7.2a represents a detailed distribution of intermetallics 
in these droplets. There is a wide variation in the volume fraction of 
intermetallic, some droplets are virtually intermetallic free while 
others contain a large volume fraction. The most common fraction is 
vrr. ~0. 6%.
For the same alloy a collection of monosize droplets of 296pm diameter 
has an average 10% volume fraction of intermetallics. Figure 7.2b 
shows a plot of equation 7. 14 for d^ = 296pm. The spread of vfT. is now 
wider and the most common volume fraction is v.fr. ~3. 5%. Very few 
droplets are predicted to have less than 0.6% volume fraction of' 
intermetallic.
For the same alloy the variation of XAB versus v fr is given in figure 
7.2c and 7. 2d for a collection of monosize droplets of 36pm diameter 
with an average 0. 1% volume fraction of intermetallics. With a bin 
size of 0 .1% most droplets are in the first bin, however some droplets 
are still predicted at vfT, >2%.
For a particular volume fraction of intermetallics and a specified 
value of X or XAE!> x = constant (in equations 7. 12 and 7. 13)
independent of the alloy composition. Thus figures 7. 2a-d are valid 
for all Al-Cr alloys. However, the diameter of the monosize collection
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composition, e.g. figure 7.2a corresponds to a 2% volume fraction of 
intermetallic, for 142pm droplets in Al-2.5Cr, 84pm droplets in 
Al-2.8Cr, 28pm droplets in Al-4. lCr etc.
(Ila) Variation of X with dd (eq.7.13).
Just as the volume fraction of intermetallic could be defined in 
eq. (7. 12) to allow the fraction of powder with less than the set 
criterion value to be plotted as a function of droplet diameter the 
number of intermetallics in a diametric section M3 can be defined in 
eq. (7. 13). The plot for M3 = 82 is given for the Al-2. 5Cr alloy in
figure 7. 3. With M3 set at this value, 50% of 142pm diameter droplets
are predicted to contain ( 82 intermetallics in a diametric section.
If the M3 criterion is set at a larger value than 82 the curve will 
move to the right and if it is set at a lower value it will be moved 
to the left. The shape of the theoretical curve is similar to those in 
figure 4. 11 (plotted at fixed volume fraction) as the ratio of Ma 
against vfv. only varies slowly with droplet diameter.
(lib) Variation of X with M3 (eq. 7. 13).
Equation 7.13 can be used to calculate the size of droplet in which a 
particular mean number of intermetallics is observed in a diametric 
section. An equation similar to 7. 14 can be derived from equation 7. 13
to describe the distribution of intermetallics in a particular
diametrical cross section of powders.
XAB = [exp(<-Mv d*3 *73 7. 8xlO“‘d)/B)]-[exp((-Mv dda- 73 7. 8x10~*)/a)
(7.15)
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of monosize droplets of diameters 36, 142 and 296pm (equivalent to
volume fractions of intermetallic of 0.1%, 2% and 10% respectively). 
The distribution of intermetallics in a diametric section in these 
particular powder sizes is predicted. For instance although the 
average number of intermetallics is 82 in a 142pm droplet (Table 7.2) 
the range that will be observed in a particular diametric section is 
from 0 to over 600, the most common being ~50. The 296pm droplet may 
contain from 50 to over 1000 intermetallics.
Other workers have also observed a wide variety of structures in a 
particular powder size but have not been able to explain their 
observations (Zaidi 1986). It would seem that their microstructures 
are due to the distribution of nucleants in systems with more tha'n one 
possible intermetallic phase.
7. 1. 4 Number and distribution of intermetallics in the Al-Cr-Zr-Mn 
alloy powders
The relationship between the diameter of the intermetallic in a powder 
particle and the diameter of that particle (eq. 7.2) was found to be 
also true for the Al-Cr-Zr-Mn alloys. Equation 7.7 could therefore be 
fitted to the measured data (see figures 5. 16 and 5. 17) to calculate 
M^ , the density of active nucleants in the two alloys. The densities 
determined are given in table 7.3 with the values for the Al-Cr alloys 
for comparison.
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alloy is in good agreement with that predicted for a Al-5.2Cr binary 
alloy. For the Al-3.3Cr-0. 7Zr-0. 7Mn alloy however the agreement is not 
so good. Consideration of the solidification path in these alloys (see 
section 7.1.5) suggests that rather than the Cr content of the alloy, 
the important parameter may be the difference in temperature between 
the liquidus and the a-Aluminium liquidus temperature. The estimated 
active nucleant density is plotted against the required undercooling 
for the Al-Cr alloys in figure 7.5a. With no undercooling the active 
nucleant density is 0, but as the undercooling increases so does the 
nucleant density. The liquidus for the Al-Cr-Zr-Mn alloys is dominated 
by the Zr content and if this is used to calculate the required 
undercooling then the quaternary alloys do not agree with the binary 
alloys. However, if the undercooling in these alloys is calculated 
based in the liquidus for the Al13Cr2 phase then both quaternary 
alloys are in good agreement with the binary alloys, see figure 7.5b.
Saunders and Tsakiropoulos (1936) have predicted that the A113Crs 
phase will dominate the nucleation kinetics at these compositions in 
their study of homogeneous nucleation in Al-Cr-Zr alloys.
The active nucleant density determined for the Al-5. 2Cr-i. 4Zr-l.3Mn 
alloy, l.SxlO'17 nr"-3, suggests that a 45pm diameter powder particle 
will contain on average over 12,000 intermetallics. From the empirical 
relationship between the average size of these intermetallics and the 
particle size, equation 7.2, it is possible to estimate the volume 
fraction of' intermetallic phase in this size of droplet. This simple 
calculation gives the volume fraction of intermetallic as 12%. 
Similarly a 65pm diameter particle contains 28% intermetallic. The 
theoretical volume fraction of intermetallic phases at equilibrium
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supersaturation is likely to occur in this size of particle for this 
alloy composition. Only small particles are predicted to be generally 
highly supersaturated e.g. a typical 5pm diameter particle is 
predicted to contain less than 0.lvol%. This is in agreement with 
observations.
Table 7.3 Undercooling and nucleant density for alloys.
Alloy Liquidus Liquidus Metastable Under­ Under­ Nucleant Powder
(Al3Zr) (Al13Cr2) Liquidus cooling cooling Density <diameter
wt% (Tl) °C (Tl )* °C (T^) °c (AT) oc (AT)* °C rrr3 ddso pro
2. 5Cr 772 671 101 2 . 3xl0ls 142
2. 8Cr 780 672 108 7. 4xl0ls 84
4. ICr 808 679 129 8 . 3xl01G 28
4. 2Cr 810 679 131 6. Ixl0 -»e; 32
5. OCr 824 683 141 1. 4x 1017 22
3. 3Cr— 0. 7Zr 880 802 681 199 121 2 . 6 xl0 1G ijT7
(-0. 7Mn)
5. 2Cr-1.4Zr 956 844 696 260 148 1. 8xl0 1v
(-1. 3Mn)
The liquidus and metastable <x-aluminium liquidus temperatures of the 
quaternary alloy are not available in the literature. The values given 
are those determined for the Al-Cr-Zr ternary alloy by Saunders and 
Rivlin (1986). It is not expected that the addition of small amounts 
of manganese will alter these values very much.
The nucleant density determined for the Al-3.3Cr-0.7Zr-0.7Mn alloy,
2.6xio1& m~3, implies that a 45pm diameter powder particle will 
contain on average 1790 intermetallics. This corresponds to a volume 
fraction of intermetallic in this size of particle of 1.8vol% as 
compared to the equilibrium value of 14.8vol% (from lever rule 
calculations). A smaller particle will have a lower volume fraction. 
The powder is therefore predicted to be highly supersaturated. This is 
also in agreement with observations.
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is operating with an active nucleant density of 101S-101'3' m"3. The 
actual density of active nucleants increases with TL* - T,^.
7.1.5 Influence of nucleation temperature on solidification 
microst ruct ure.
A schematic of the Al-Cr phase diagram is shown in figure 7.6. 
Nucleation of the intermetallic phase can occur at any temperature 
below the liquidus temperature. The other phase of interest is the 
a-aluminium, this can only nucleate below the a-aluminium liquidus. 
Assuming heterogeneous nucleation in a particular droplet size the 
likely nucleation and growth mechanisms can be discussed.
At low cooling rates a nucleant will become active at a small 
undercooling with respect to the liquidus and an intermetallic will 
nucleate and grow. The growth rate of the intermetallic is likely to 
be low due to the large solute difference between the liquid and the 
intermetallic, the large complicated unit cell of the intermetallic, 
the small undercooling etc.. The latent heat of solidification of the 
intermetallic is unlikely to cause recalescence of the droplet.
However as the droplet continues to cool other nucleants can become 
active (Perepezko and LeBeau 1982) and further nucleation and growth 
of intermetallics will occur (Perepezko et al 1986b). Due to the 
larger driving force for solidification (increased undercooling) the 
growth rate will be higher and eventually a state will be reached were 
the temperature of the droplet stops dropping. As the intermetallics 
continue to grow reducing the concentration of the liquid, the driving 
force will again be reduce and the rate of growth will decrease 
allowing the temperature of' the droplet to fail. Further nucleants may 
become active during the cooling but eventually the temperature will
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possible paths
a) at this high undercooling more nucleants may become active with 
respect to the intermetallic phase or
b> a nucleant may become active with respect to the a-aluminium phase, 
thus nucleating the a-Al matrix.
c) the intermetallic phase may act as a nucleant for the a-aluminium 
which can then grow rapidly and prevent further nucleation of the 
intermetallic phase.
Marcantonio and Mondolfo (1970) have found that the Al13Cr~. phase is 
an effective nucleant for aluminium acting as a nucleant at only 5°C 
undercooling. Therefore, when the droplet temperature is just below 
the metastable a-aluminium liquidus, it is expected that the 
intermetallic phase will nucleate the aluminium phase with little 
further cooling. This will then grow continuously without need of 
further nucleation events as long as the temperature of the growing 
front remains below the metastable liquidus. It is possible that many 
of the intermetallics will nucleate the aluminium phase producing many 
grains. The microstructure of droplets solidified in this way will be 
a polycrystalline aluminium matrix containing intermetallics (see 
figure 7.7).
At higher cooling rates the temperature at which the first 
intermetallic is nucleated will be lower and the final number of 
intermetallics will be lower, but the solidification path will be the 
same. Only at very high cooling rates in small droplets will the
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nucleation of the intermetallic phase. Nucleation may then occur by
a) heterogeneous nucleation of the intermetallic phase leading to 
immediate nucleation of the a-aluminium phase.
b) heterogeneous nucleation of the a-aluminium (on a volume or surface 
nucleant).
c) homogeneous nucleation of the a-aluminium, (homogeneous nucleation 
of the intermetallic occurs at a lower temperature that the 
a-aluminium except in more concentrated alloys, Saunders and 
Tsakiropoulos 1986).
In all these cases the solidified particle will contain either one or 
zero intermetallics in an a-aluminium matrix.
In all cases the number of intermetallics will be determined by the 
total number of active nucleants at the maximum undercooling, ATms,„, 
(liquidus temperature - metastable a-aluminium liquidus temperature,
L^. ~ T^l )
Even in the most dilute alloy studied here, the 2. 5wt% Cr, it is 
predicted that 50% of 11pm diameter droplets will contain at least one 
intermetallic when the droplet temperature has cooled to the 
metastable aluminium liquidus temperature. Such an intermetallic will 
nucleate the a-aluminium phase which will grow throughout the droplet 
with an undercooling (with respect to the metastable liquidus) 
controlled by the external heat extraction rate. As this extraction 
rate is a function of' the diameter of the droplet the spacing of the
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part icles.
Particles of this alloy of 20pm size are predicted to contain several 
intermetallics on reaching the metastable liquidus and as each of 
these will nucleate the aluminium phase the particle will be multi­
grained. Multiple nucleation is discussed in section 2. 1.3 and has 
been observed by Mueller et al (1985) an Al-Si. In the most 
concentrated alloy, the 5wt% Cr, it is predicted that 50% of the 2pm 
diameter droplets will contain one intermetallic. It is therefore 
expected that only droplets with a diameter of less than ~10pm will 
have a high probability of containing no nucleant prior to cooling to 
the a-aluminium liquidus temperature and thus have a chance to 
undercool significantly. Only in these droplets is the solidification 
front velocity expected to be in excess of the absolute stability 
velocity and a non-cellular solidification structure to be observed. 
This is consistent with the observed microstructures.
At the very large undercoolings achieved in these droplets nucleation 
may be surface nucleated. The work of Mueller and Perepezko (1986) on 
slow cooled droplets suggests that the oxide present on the surface of 
an.aluminium droplet is a poor nucleant but will become active at 
undercoolings of ~100K. Because of this surface oxide homogeneous 
nucleation is unlikely to be observed.
7.1.6 Conclusions
Equation 7.7 can describe the observed distribution of intermetallics 
within different sized particles accurately. It describes both the 
fraction of particles of a particular diameter which will contain a
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particle at which the average volume fraction will be a particular 
value. The adjustable parameter in equation 7. 7 is the density of 
active nucleants. This increases in value as the concentration of the 
alloy increases.
Considering the nature of the nucleants it is clear that they must 
have a range of activities and be present in the molten alloy. All 
alloys studied were prepared and atomised in a similar manner and 
therefore the effect, for instance, of prolonged, high superheats is 
not known. It is possible that the use of higher purity metals would 
also reduce the nucleant concentration. Many workers (e.g. Walker 
1964) have achieved large undercoolings by fluxing the melt and it is 
possible that fluxing would dramatically reduce the number of 
nucleants. It is possible that the type and range of nucleants present 
will be the same for other aluminium alloy systems, (although their 
efficiency at nucleating a different intermetallic phase will 
obviously be different), or the constituent elements of the alloy may 
cause the presence of different nucleants.
7.2 Optimisation of an alloy composition.
From comparison of the cooling rates estimated for the wedge shaped 
casting (section 4.2.3, table 4.3) and those for the different sizes 
of powder (section 5.5.7, table 5. 10) it is clear that there is 
considerable overlap. The cooling rate towards the tip of the wedge 
casting is similar to that in powder of ~10pm diameter (~10G K s- ' ) 
and it would therefore seem reasonable to expect a relationship 
between the microstructure observed in a particular thickness of wedge 
and the average microstructure observed in a particular diameter of 
powder.
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of t*: and dc,-’0 measured. The data is given in table 7. 4 and plotted in 
figure 7.8 where extra experimental points were taken from Adkins et 
al (1988a).
Table 7.4 Comparison of d,-,so and t* for various alloys
Composition Median diameter of powder Thickness of wedge for
of alloy which contains $ 2 vol% transition to cellular
wt% intermetallic d^ -50 pm t* pm
Al-5. OCr 142 345
Al-2. 5Cr 22 2500
Al-3. 5Cr-0. 7Zr-l. OMn — 1600
Al-3. 3Ci— 0. 7Zr-0. 7Mn 47 -
Al-5. lCr-1. 4Zr-l. 5Mn 19 190
It is clear in figure 7.8 that a consistent trend is found between the 
transition thickness in the wedge casting and the transition size in 
the powder. If a particular microstructure is thus required in, say, 
45pm diameter atomised powder it is possible to perform a few, quick, 
casting experiments in the alloy system to allow estimation of the 
alloy composition in which the t*'- will be ~1. 5mm. The 45pm diameter 
powder of such an alloy is expected to have, on average, the same 
microstructure. This method has the advantage that the change in t:* is 
rapid with changing composition and thus the alloy with t* of a 
particular value is rapidly found by interpolation.
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8. 1 Conclusions.
(1) Distribution of discrete intermetallic phases within powder particles 
of different sizes was found to be consistent with a probabilistic model of 
nucleants distributed in the volume of melt.
(2) The density of active nucleants has been estimated for each alloy. It 
is suggested that this density depends on the liquidus - a-Al liquidus gap.
(3) At the cooling rates required to suppress the nucleation of 
intermetallics in the studied alloys the growth rates of a-Al were such 
that equilibrium partitioning (according to the Scheil equation) was not 
observed. Instead flatter solute profiles were determined, which, due to 
the peritectic nature of the systems, were similar to complete solid 
solutions with no intermetallic phase occurring either in the cell centres 
or at the cell boundaries.
(4) The cooling rate in the thinner sections of wedge castings is 
comparable to the cooling rates experienced by atomised powder (except for 
the finest powder). A method is proposed which allows wedge casting to be 
used to optimise alloys for atomisation.
<5) The transition from a partitionless to a cellular solidification 
structure occurred at estimated solidification front velocities similar to 
those predicted by morphological stability theory.
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alloys can be related to the observed microstructure. A large contribution 
to the strength is from a stabilised fine grain size. Neither of the 
Al-Cr-Zi— Mn alloys retains its strength after prolonged treatment at 400°C. 
However tentative experiments suggest that a service temperature of 300°C 
may be possible.
(7> A complete solid solution was obtained in an Al-1. 7Zr alloy by melt 
spinning. This proved stable up to ~300°C. At 350°C decomposition occurred 
by a discontinuous mechanism. A complete solid solution was also obtained 
in an Al-5.ICi— 1.4Zr-1.5Mn alloy by melt spinning. This decomposed 
continuously between 300-400°C. Discontinuous precipitation was not 
observed at temperatures up to 400°C.
(8> Many different microstructures were observed in atomised Al-Cr-Zr-Mn 
alloy powders. These were consistent with the different cooling rates and 
nucleation temperatures experienced by droplets of different sizes.
(9) A new metastable phase was observed in the finer powders of the 
atomised Al-Cr-Zr-Mn alloys. The morphology of this phase is fine spheroids 
with a composition of ~Ale.Cr (with some Fe, Mn and Si substituted for Cr). 
The phase is simple cubic with a lattice parameter ~6A.
8.2 Recommendations for further work.
(!) The comparison of the observed microstructure in the cast alloys and 
the theoretical predictions would be more precise if the cooling rate in 
the thinner sections of the wedge shaped chill mould could be measured 
(section 4.2.3).
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melt spun Al-5. lCr-1.4Zi— 1. 5Mn ribbon to determine the precipitation 
sequence and products (section 5.4).
(3) A study of the absolute stability velocity in Al-Cr, Al-Zr and 
Al-Cr-Zr-Mn is required to check the predictions of the Morphological 
Stability Theory. This could be achieved by rapid crystal growth 
experiments or laser melting (sections 4.3.6, 5.3.7, 5.5.7).
(4) A complete structural study of the spherical phase observed in the 
Al-Cr-Zr-Mn alloy powder is required (section 5.5.5).
<5) Mechanical properties of extruded Al-5. 2Cr-l. 4Zr-l. 3Mn powder are 
required, particularly to determine if the ductility of the material is 
better than the ’Conformed' material (section 6.1.4).
(6) Following the study of chapter 7. 1 it would be informative to know more 
about the nature of the nucleant. In particular an experiment in which the 
melt was fluxed prior to atomisation could be performed to determine if the 
density of nucleants could be reduced. This would increase the undercooling 
achieved by the powder so that larger droplets undercool below the 
metastable a-aluminium liquidus and solidify with a cellular structure.
(7) The powder could be separated into different size fractions and then 
melted and resolidified in a DSC. The undercooling prior to nucleation 
could then be measured. This would give an upper bound for the undercooling 
during atomisation. If the powder was heated to a temperature above the 
solidus but below the liquidus and then cooled the effectiveness of the 
intermetallic phase(s) as a nucleant for a-aluminium could be confirmed.
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is the Al13Cr2 phase (see section 4.2.3) and it is predicted that the Zr 
content of the alloy could be higher without effecting t*:, the thickness of 
wedge at which nucleation of the intermetallic occurs. This prediction 
could be tested.
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(i> Thermophysical data used in calculations
Data for Al and Al alloys
thermal diffusivity of liquid Al alloys ~4xl0~s m3 s"1
b burgers vector of Al 2. 86xl0-1° m
cL specific heat capacity of Al alloys "2.5x10s J nr3 K"1
r Gibbs-Thompson coefficient for Al l.OSxlO"7 K m
M shear modulus of Al 2.7xl03 MPa
kl thermal conductivity of Al alloys -100 W nr1 K-1
Pt- density of liquid Al alloys 2.4xl03 kg m~3
dynamic viscosity of liquid Al alloys ~1xi0 3 Pa s
AHf latent heat of fusion (Al alloys) 9.4xl03 J m~3
Data for absolute stability calculations
Solute Cr Mn Zr Fe Si
ke . 1.771 0. 72 1. 76 
DL xlo~9 (m3 s-') 2. 31 2. 42 1.8* 
niL (K/wt%) -2. 71 0. 752 -106
0.038* 0. 133 
2* 2.3s 
3.7* ~63
References for table 1 Shibata et al (1978), 2 Juarez- 
(1987), 3 Mondolfo (1976), * Boettinger et al (1986), 
(1981), 6 Eremenko et al (1981).
Islas and Jones 
5 Midson and Jones
Data for helium
Ka thermal conductivity 0.20 W nr1 K"1
P<3 density 0. 18 kg m~3
dynamic viscosity 2.5x10"S Pa s
Cg specific heat capacity of helium 950 J nr3 K"1
Heat transfer coefficients
hi meltspinning 1*10K W nr3 K_1 (Midson and Jones 1981)
hj chill casting 4*103 W m~3 K_1 (Biloni 1983)
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(ii) Abbreviations
DAS dendrite arm spacing 
DSC Differential Scanning Calorimetry 
DTA Differential Thermal Analysis 
HPGA High Pressure Gas Atomisation 
Nu Nusselt number (hiZ/Kt,)
Nwe Weber number
RS Rapid Solidification
REP Rotating Electrode Process
SADP selected area diffraction pattern
t* wedge thickness for intermetallics
USGA Ultrasonic Gas Atomisation
MIT Massachusetts Institute of Technology
LSW Lifshitz-Slyosov-Wagner
UTS Ultimate Tensile Strength
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t  r
(a) Parameters
a m atomic spacing b) Subscripts/s
A m3 area
b m burgers vector a activation
Bi - Biot number ^h^d^/lCL.) ab absolute st
c wt% concentration at atomic
C J m~3 K-1 specific heat capacity A ambient (en
d m diameter b isenthalpy
D m3 s”1 diffusivity B apparent
f - fraction c critical
S m stabilised grain size (diameter) d droplet
G J m”3 free energy e equilibriun
h W nr3 K”1 heat transfer coefficient fr f raction
H J m~3 enthalpy f f usion
H MPa hardness F solidif icat
I - intensity G gas
j kg s~1 mass flow rate horn homogeneous
J m~3 s”1 steady state nucleation rate het heterogenec
k - partition coefficient i interf acial
K W nr1 K”1 thermal conductivity I initial
1 m obstacle spacing j intermetall
L K nr1 temperature gradient k mould
m - constant <xl a-Al liquic
M - number of active nucleants per droplet 1 liquidus
n - constant L liquid
N mol-1 Av©gadro* s number m molar
P - probability mol per molecu]
r m radius med median
R m radius of spherical substrate M melt
S J nr3 K”1 entropy M melting
t s time n nucleation
t m thickness N nucleant
T K absolute temperature N nucleus
T N line tension of a dislocation o strongest
V m~3 volume P prior (poui
V m s-1 growth velocity ppt precipitat<
W m s”1 velocity q instantane*
X m solidification position Q losing hea
X - nucleant free droplet fraction r ribbon
y m3 surface area R recalescen'
z m dimension R reduced
s solid
a m3 s”1 thermal diffusivity sol solute
p - constant t time
y J m~3 solid/liquid surface energy t trapping
e K s”1 cooling rate T true
r K m Gibbs-Thompson coefficient u undercoole
X J K”1 molecule”1 Boltzmann's constant V volume
X m cell/dendrite spacing w wheel
q Pa s dynamic viscosity y yield
p MPa shear modulus z surf ace
p kg m"3 density * crit ical
cr MPa stress 1 primary
X MPa shear stress
e degree contact angle c) Pref ixes
Y - fractional difference in atomic average
radius of solute cf solvent A finite cha
0 m instability wavelength S increments
Q m~3, m”3 *i”1 prefactor for nucleation equ.
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Figure
Figure
Aim
0.1
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Z 's
2. 1. 1 Dendrite spacing X as a function of cooling rate s for Al-4 to 
5wt%Cu (open points) and Al-7 to llwt%Si (filled points). Line 
shown is \eW 3  = 50pm (K s-1)1''3. Jones (1982a)
2.2.1 Types of interfaces that can occur in particle-strengthened 
alloys: (a) coherent, (b) and (c) semi-coherent, and
(d) incoherent. (Starke and Wert 1986).
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Figure 2.2.2 Sequence of interaction between a dislocation and a particle: 
<a> to (c) Orowan looping mechanism; (d) to (f) shearing 
mechanism. (Starke and Wert (1986).
by -  passingshearing
A t A t
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Figure 2.2.3 Schematic showing the increase in shear stress with particle
size for particles that are sheared, and the decrease in shear 
stress with particle size for particles that are looped, by 
dislocations. Starke and Wert (1986).
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Figure 2.3.1 Free energy balance of a solid particle formed in the melt by 
fluctuations. The energy barrier for nucleation, AG*, is 
formed from (negative) volume contributions, AGV, and 
(positive) interface contributions, AG*.. Feuerbacher (1988).
SURFACE ENERGY  
BALANCE
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Figure 2.3.2 Spherical cap model of heterogeneous nucleation showing 
equilibrium contact angle, 0, and the balance of surface 
energies. Anderson and Perepezko (1982).
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Figure 2.3.3 Plot showing nucleant free fraction as a function of particle 
diameter for two nucleant densities. Ricks et al (1986).
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Figure 2.3.4 Relative magnitudes of heterogeneous surface to homogeneous 
nucleation in a 20pm droplet as a function of contact angle. 
Perepezko 1986.
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Figure 2.3.5 DTA thermograms for 44 to 88pm powders showing the variation 
in undercooling which result from emulsifying aluminium in 
various inorganic salts. The undercooling is defined as the 
temperature difference between the melting point onset,
Trn = 660°C, and the peak of the solidification exotherm. 
Mueller and Perepezko (1987).
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Figure 2.3.6a Calculated homogeneous nucleation temperature vs composition 
in the Al-Zr system for a powder diameter of 500pm. o = a-Al, 
+ = Al3Zr. (Saunders and Tsakiropoulos 1986)
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Figure 2. 3. 6b Calculated homogeneous nucleation temperature vs composition 
in the Al-Zr system for a powder diameter of 10pm. o = ot-Al, 
+ = Al3Zr. (Saunders and Tsakiropoulos 1986)
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Figure 2.
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3. 7a Calculated homogeneous nucleation temperature vs composition 
in the Al-Cr system for a powder diameter of 500pm. o = cc-Al, 
+ = Al13Cr2, V = Al^Cr^. (Saunders and Tsakiropoulos 1986)
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3.7b Calculated homogeneous nucleation temperature vs composition 
in the Al-Cr system for a powder diameter of 10pm. o = a-Al, 
+ = Al^Cr^., V = Al^Cr^. (Saunders and Tsakiropoulos 1986)
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Figure 2.4.1 Schematic of a faceted <a> and non-faceted (b) solid-liquid 
interface. (Kurz and Fisher 1984)
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Figure 2.4.2 Morphology, tip radius (R) and spacing of cells and dendrites 
(X,) with increasing growth velocity. (Kurz and Fisher 1984)
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2.4.3 Formation of columnar and equiaxed dendritic microstructures 
in a chill casting. (Kurz and Fisher 1984)
t
10 nm
2.4.4 Initial evolution of an unstable (a) or stable (b) solid- 
liquid interface. (Kurz and Fisher 1984)
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Figure 2.4.5 Solid solubility extension in aluminium as a function of 
solute atomic number. Lower bound of black bar indicates 
maximum equilibrium solid solubility while upper bound 
indicates extended limit. (Midson and Jones 1981)
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Figure 2.5.1 Schematic diagram of the CONFORM continuous extrusion 
apparatus (after Green 1972)
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Figure 2.6.1 The Al-Cr equilibrium phase diagram according to Saunders and 
Rivlin (1986).
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Figure 2. 6.2 The Al-Zr equilibrium phase diagram according to Saunders and 
Rivlin (1986).
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Figure 2.6.3 Peak hardness on ageing (curve B) compared with as-quenched 
hardness (curve A) as a function of solute concentration in 
Al-Zr alloy extended solid solutions. Sahin and Jones (1978)
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Figure 2. 6. 4 The Al-Mn equilibrium phase diagram according to McAlister and 
Murray (1987),
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Figure 3. 1 The wedge-shaped copper chill mould
Figure 3.2 Rig for casting into the wedge-shaped mould
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Figure 3. 3 The melt spinner
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Figure 3. 4 Schematic diagram of High Pressure Gas Atomiser (Ricks et al 
1986)
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5 Die/nozzle configuration (Clyne et al 1984a)
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Figure 3. 6 Schematic of the degassing equipment
-270-
20pm
Figure 4. 1 Optical micrograph of cells in wedge cast Al-2. 5wt%Cr alloy.
INTERMETALLICSCELLS
Figure 4. 2 Schematic diagram of wedge-shaped chill cast showing
definition of the critical thickness, t*:. (Adkins et al 1988a)
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Figure 4.3 TEM micrograph of a cell in wedge cast Al-2. 5wt%Cr alloy.
Contamination spots from analyses are visible. _______
2pm
,k=1 8(eq.)
,k=11
40
Figure 4.4 Plot of solute concentration from centre of cell to cell 
boundary in wedge cast Al-2. 5wt%Cr alloy. (Ricks and 
Adkins 1986b)
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CONC. OF Zr (wtt) •
Lattice parameter data 
• From Sahin and Jones (1978)
A From Polesya and Stepina (19S9) 
A From Hidson et al (1981) .
X10-3
4010.
CONC. OF fin <wtt)
Figure 4.5 Lattice parameter of the aluminium matrix in
supersaturated solid solutions of Al-Zr, Al-Cr 
and Al-Cr-Mn.
Figure 4. 6 Hot stage TEM micrograph of Al-1. 6wt%Zr alloy melt spun ribbon
a) as meltspun ____________
b) after discontinuous precipitate 0.5um
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M r ribboZr
35*"StT "ESTT 600
Figure 4.7 D. S. C scans of Al-1. 7wt%Zr alloy and Al-5. lwt%Cr-l. 4wt%Zr- 
1. 5wt%Mn alloy meltspun ribbons
Figure 4.8 Optical micrograph of cellular structure in a Al-2. 5wt%Cr
alloy powder particle. (Ricks and Adkins 1986b) _________
10pm
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Figure 4.9 Optical micrograph of sections of Al-4. lwt%Cr alloy powder
particles. __________
10pm
Figure 4.
dT
dT/2
10 Probability of the intersection of a plane with a sphere (Blank 
and Gladman 1970)
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Figure 4. 11a Plot of fraction of powder, X, containing less than 2vol% 
intermetallics, against diameter of powder for Al-2. 5wt%Cr. 
Corrected data with theoretical curve <see section 7. 1).
= 2.3xl0ism"3, d*30 = 142pm.
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0 40 80 120 160 200
Powder diameter (urn)
Figure 4.11b Plot of fraction of powder, X, containing less than 2vol% 
intermetallics, against diameter of powder for Al-2. 8wt%Cr. 
Corrected data with theoretical curve (see section 7. 1).
Mv, = 7. 4xl01Gm-=y ddso = 84pm.
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Figure 4.11c Plot of fraction of powder, X, containing less than 2vol% 
intermetallics, against diameter of powder for Al-4. lwt%Cr. 
Corrected data with theoretical curve (see section 7. 1).
= 8. 3xl01Gnr3, ddso = 28pm.
0.2
0 40 80 120 160 200
Powder diameter (urn)
Figure 4. lid Plot of fraction of powder, X, containing less than 2vol% 
intermetallics, against diameter of powder for Al-4. 2wt%Cr. 
Corrected data with theoretical curve (see section 7.1).
M,, = 6. lxlOienr3, d*60 = 32pm.
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0 40 80 120 160 200
Powder diameter (urn)
Figure 4. lie Plot of fraction of powder, X, containing less than 2vol% 
intermetallics, against diameter of powder for Al-5. Owt%Cr. 
Corrected data with theoretical curve <see section 7. 1).
= 1. 4xl017m-3, dc50 = 22pm.
200d
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* r—I —J
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Figure 4. 12 Plot of chromium concentration <wt%) against the median 
diameter of powder with 2vol% intermetallic, ddso.
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Figure 5. 1 Optical micrograph of slow cooling ingot of ________
Al-5, lwt%Cr-l. 4wt%Zr-l. 5wt%Mn alloy 20pm
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Figure 5.2 Optical micrograph of chill cast ingot of 
Al-5. lwt%Cr-l. 4wt%Zr-l. 5wt%Mn alloy
Figure 5. 3 SEM microprobe dot map of the same area as figure 5
green Al-Cr purple Al-Zr
Figure
Figure
5.4 Optical micrograph of wedge-shaped casting of the 
Al-3. 5wt%Cr-0. 7wt%Zi— 1.0wt%Mn alloy showing the 
transition from intermetallic to cellular
Image: RESULT SHEET , LUT: PDR:GREY.LT M=3 N-16
5.5 STEM micrograph of wedge-shaped casting of the 
Al-3. 5wt%Cr-0. 7wt%Zr-l. Owt%Mn alloy showing the 
analysed cell (analysis positions are at the crosses).
200pm
lpm
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Figure 5. 6 Analysis of solute concentration across a cell in 
wedge cast Al-3. 5wt%Cr-0. 7wt%Zr-1. Owt%Mn alloy.
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Figure 5.7 Plot of hardness (Hv) against time at temperature for 1mm and 
5mm thick sections of the wedge cast Al-3. 3wt%Cr-0. 7wt%Zr- 
0. 7wt%Mn alloy and the 1mm thick section of the wedge cast 
Al-5. lwt%Cr-l. 4wt%Zr-l. 5wt%Mn alloy.
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Figure 5.8 Micrograph of tip of wedge cast Al-3. 5wt%Cr-0. 7wt%Zr-l. Owt%Mn
alloy after heat treatment for 12 hours at 400°C. __________
10pm
Figure 5.9 Diffraction pattern from heat treated Al-3. 5wt%Cr-0. 7wt%Zi—
1. 0wt%Mn alloy wedge casting showing Ll2 order due to metastable 
Al3Zr phase, z = C001]
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TrrjTPT'
Figure 5. 10 Meltspun ribbon (Al-5. lwt%Cr-l. 4wt%Zr-l. 5wt%Mn alloy)
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Figure 5.11 TEM micrograph of supersaturated solid solution in 
meltspun Al-5wt%Ci— 1. 4wt%Zi— 1. 4wt%Mn alloy ribbon.
Figure 5. 12 TEM micrograph of heat treated meltspun
Al-5. lwt%Cr-l. 4wt%Zr-l. 5wt%Mn alloy ribbon 
(same area as figure 5. 11).
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Figure 5. 13a Size distribution (laser granulometer) for 
Al-5.lwt%Cr-l. 4wt%Zr-l. 5wt%Mn alloy powders
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Figure 5. 13b Size distribution (laser granulometer) for 
Al-5.2wt%Cr-l. 4wt%Zr-l. 3wt%Mn alloy powders
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Figure 5. 14 SEM micrograph of the Al-5. 2wt%Cr-l. 4wt%Zr-l. 3wt%Mn 
alloy powder
Figure 5.15 Optical micrograph of sectioned Al-5. 2wt%Cr- ______
1. 4wt%Zr-l. 3wt%Mn alloy powder 15pm
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Figure 5. 16 Plot of fraction of powder, X, containing less than 2vol%
intermetallics, against diameter of powder for Al-5. lwt%Cr- 
1. 4wt%Zr-l. 5wt%Mn alloy. Corrected data with theoretical 
curve (see section 7.1). ^  = 1.8X1017m~3, ddso = 19pm.
0 40 80 120 160 200
Powder diameter (urn)
Figure 5. 17 Plot of fraction of powder, X, containing less than 2vol%
intermetallics, against diameter of powder for Al-3. 3wt%Cr- 
0.7wt%Zr-0. 7wt%Mn alloy. Corrected data with theoretical 
curve (see section 7.1). = 2. 6xl0iem~3, ddeo = 47pm.
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Figure 5.18 Optical micrograph of Al-3. 3wt%Cr-0. 7wt%Zr-0. 7wt%Mn ______
alloy powder. 50pm
Figure 5. 19 TEM micrograph of a small featureless particle _________
(diameter -0.1pm, Al-5. lwt%Cr-l. 4wt%Zr-l. 5wt%Mn 0.05pm
alloy) (Adkins and Ricks 1986)
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Figure 5.20 TEM micrograph of a larger featureless particle, ________
contrast is due to bends (diameter ~4pm, 1pm
Al-5. lwt%Cr-l. 4wt%Zr-l. 5wt%Mn alloy)
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Figure 5. 21a TEM micrograph of ~7pm diameter particle
(Al-5. lwt%Cr— 1. 4wt%Zi— 1. 5wt%Mn alloy) with fine 
round precipitates on one side
Figure 5.21b Higher magnification of precipitates 
in f igure 5. 2la
lpm
0. 5pm
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£. M
Figure 5.22a TEM micrograph of ~4pm diameter particle with ~0.5pm 
cell spacing (Al-5. lwt%Cr~l. 4wt%Zr-l. 5wt%Mn alloy) 
(Adkins and Ricks 1986)
Figure 5. 22b TEM micrograph of a cell in another ~4pm diameter 
particle. Contamination spots from analysis are 
just visible. Al-5. lwt%Cr-l. 4wt%Zr-l. 5wt%Mn alloy.
0. 5pm
*
0. 1pm
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Figure 5.23 TEM micrograph of Al13Cr2 intermetallics in a 100pm ______
diameter particle of Al-5. lCr-1. 4Zi— 1. 5Mn alloy. 2pm
Jiil350-
Figure 5.24 D. S. C. scan for sub-lOpm Al-5. lwt%Cr-l. 4wt%Zr-l. 5wt%Mn 
alloy powder
-295-
Figure 5.25 Schlieren photograph of high pressure gas _________
atomisation cone (Backmark et al 1986) 20mm
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Figure 5.26 Plot of estimated solidification front velocity in the 4pm 
diameter particle shown in figure 5.22
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Figure 6. 1 Powder size distribution (laser granulometer) for 
Al-5. 2%Cr-l. 4%Zr-l. 3%Mn alloy 
a) sub 45jjLm diameter fraction b) 45-200p,m diameter fraction
mean diameter = 19. Ojim (SD = 12, lfim) mean diameter = 51.2jim (SD = 36. lfim) 
median diameter = 15. 0/j.m median diameter = 44. Ofim
modal diameter = 15. Ofxm modal diameter = 46. Ojim
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Figure 6.2 Optical micrograph of Al-5. 2%Cr-l. 4%Zr-1. 3%Mn alloy _______
powder consolidated by CONFORM 20pm
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Figure 6. 3a and b Plot of hardness (Hv> against time at temperature for 
CONFORMed and extruded rod
(a) Conformed Al-5.2Cr-l.4Zr-l.3Mn alloy powder (fine fraction) compared 
with extruded Al-3.5Cr-0.5Zr-l.0Mn alloy powder (45-200pm fraction).
(b) Conformed Al-5.2Cr-l.4Zr-l.3Mn alloy powder (coarse fraction) compared 
with extruded Al-3.5Cr-0.5Zr-l.0Mn alloy powder (45-200jim fraction)
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Figure 6.4 Plot of hardness (Hv) against time at temperature comparing.
CONFORMed Al-3. 3Cr-0. 7Zr-0. 7Mn alloy powder with extruded 
Al-3.5Cr-0.5Zr-l.0Mn alloy powder (sub-45pm fraction).
UTS 
(MPa)
+ Al-5.2Ci— 1.4Zr-1.311n (coarse)
XAL—3.3Cr-0.7Zr-0.7fin
1000
Time at 400C (hrs)
Figure 6. 5 Plot of UTS (continuous line) and elongation (dashed line) 
against time at temperature comparing Al-3. 3Cr-0. 7Zr-0.7Mn 
alloy powder and Al-5.2Cr-l.4Zr-l.3Mn alloy powder 
consolidated by CONFORM.
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Figure
Figure 6. 7
6. 6 TEM micrograph of Al-3, 3Cr-0. 7Zr-0. 7Mn alloy powder as _____
consolidated by CONFORM (longitudinal section) 1pm
Low magnification optical micrograph of the deformation 
zone in the sub-45pm degassed Al-3. 5Cr-0. 5Zr-l. OMn alloy 
powder extrusion.
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Figure 6.8a to f Higher magnification of the deformation zone in 
the sub-45pm degassed Al-3. 5Cr-0. 5Zr-l. OMn alloy 
powder extrusion showing the gradual increase in 
aspect ratio as the powder is extruded.
Figure continues over the page.
50pm
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Figure 6. 8d to f Higher magnification of the deformation zone in 
the sub-45pm degassed Al-3. 5Cr-0.5Zr-l. OMn alloy 
powder extrusion showing the gradual increase in 
aspect ratio as the powder is extruded. 50pm
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Figure 6. 9 Plot of UTS (continuous line) and elongation (dashed
line) against time at temperature for extruded 45-200jim 
Al-3. 5Cr-0. 5Cr-l. OMn alloy powder, degassed and 
degassed but not sealed.
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Figure 6. 10 Plot of UTS (continuous line) and elongation (dashed
line) against time at temperature for extruded sub-45pm 
outgassed Al-3. 5Cr-0. 5Zi— 1. OMn alloy powder.
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Figure 6.11 Plot of UTS (continuous line) and elongation (dashed
line) against time at temperature for extruded sub-45pm 
degassed Al-3. 5Cr-0. 5Zr-l. OMn alloy powder
Figure 6. 12 TEM micrograph of degassed 45-200pm Al-3. 3Cr-0. 5Zr-l. OMn
alloy powder as consolidated by extrusion _____
(longitudinal section) 1pm
Figure 6. 13 SADP of area of grain in extruded degassed 45-200pm
Al-3. 3Cr-0. 5Zr-l. OMn alloy powder showing ordered spots 
characteristic of the metastable Ll2-Al3Zr phase, z = E0013
Figure 6. 14 Montage of TEM micrographs showing a partially deformed
cellular particle in deformation zone of the _____
extruded 45~200pm Al-3. 5Cr-0. Zr-1, OMn alloy powder. 5pm
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Figure 7, 1 Log-log plot of intermetallic diameter, d^ , against droplet 
diameter, d^ .
Fitted line is dj « 1.5x10 3 d,-,0-73 (where dd and dj are measured in 
meters). Data is listed below, (values are from various Al-Cr alloys).
dd (pm) | 40 30 20 15 20 16 12 10 10
d^  (pm) | 0. 7 0. 7 0. 7 0. 7 0. 5 0. 5 0. 4 0. 4 0. 3
dd (pm) ( 8 8 8  8 6  3 5 3 2  /
dd (pm) ( 0.4 0.3 0.25 0.2 0.25 0.25 0.1 0.1 0.1
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Figure 7.2a Distribution of intermetallics <by volume fraction) in droplets 
with average of 2vol% intermetallic, (142pm diameter droplets 
in Al-2. 5Cr>.
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U )  :
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Volume Fraction oF intermetallic (.X)
Figure 7.2b Distribution of intermetallics (by volume fraction) in droplets 
with average of 10vol% intermetallic, (296pm diameter droplets 
in Al-2. 5Cr).
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Figure 7.2c Distribution of intermetallics (by volume fraction) in droplets 
with average of 0. lvol% intermetallic, (36pm diameter droplets 
in Al-2. 5Cr).
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Figure 7. 2d Distribution of intermetallics (by volume fraction) in droplets 
with average of 0.lvol%, 2vol% and 10vol% intermetallic (Log 
plot).
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Figure 7.3 Plot of fraction of droplets, X, with less than 82
intermetallics in a diametric section against powder
diameter, d.
Al-2.5Cr i1„=2.3x10 m
d = 3Gum
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Number oF intermetallics 
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Figure 7. 4 Number of intermetallics in a diametric section of
Al-2.5Cr alloy powder plotted against number of droplets 
(for droplet diameters of 36pm, 142pm and 296pm diameter).
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Figure 7.5a Plot of active nucleant density, ft,, against undercooling 
(Tl. - Tl_°'> for Al-Cr alloys.
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Figure 7.5b Enlarged plot of active nucleant density, ft,, against
undercooling (TL - Tl.") for Al-Cr and Al-Cr-Zr-Mn alloys.
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Figure 7. 6 Schematic of aluminium end of Al-Cr phase diagram.
Figure 7.7 Optical micrograph of Al13Cr2 intermetallics acting as _____
nucleants for a-aluminium in an Al-2. 5Cr particle. 5pm
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Figure 7.8 Plot of critical thickness, t*, in chill cast wedge against 
particle diameter, d ^ 0, for ’cellular1 to intermetallic 
transition. (Adkins et al 1988a).
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